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Abstract 

Formation and Avoidance of Surface Defects during Casting and Heat-

Treatment of Single-Crystal Nickel-Based Superalloys 

Scott Simmonds  

Nickel-based superalloys are a class of materials that have been specifically developed 
for high temperature applications for use in aero-engines and power generation. The 
evolution of superalloy chemistry and solidification structure has made the control and 
prevention of defect formation in single-crystal components increasingly challenging. 
This study examines the formation and avoidance of Surface Scale and Surface 
Melting, both of which are detrimental to the production cost and the performance of 
single-crystal turbine components.   
 
Surface Scale is a defect found on the surface of as-cast single-crystal components 
identified as a region of discolouration. A systematic analysis reveals that Surface Scale 
forms in the solid-state during casting due to the combined effects of (1) differential 
thermal contractions between mould and metal and (2) transient oxidation of the 

exposed metal casting surface at temperature below ~1300C. The resultant transient 
oxide film is 0.5-1μm thick whilst the remaining surface undergoes a mould-metal 
reaction during the initial stages of casting, at temperatures above the liquidus, 
producing a 1-2μm thick protective layer of Al2O3. 
 
Surface Melting is identified on the heat-treated blade surface as an area of localised 
melting within the Scaled surface area. Through an in-depth analysis of the 
microstructural evolution it was found that Surface Melting is a consequence of 
elemental evaporation of γ-phase stabilisers. The subsequent change in chemistry 
results in the transformation of the γ phase to γ’ and TCPs and a concomitant 
occurrence of incipient melting at the surface during solution heat treatment.  
 
This thesis concludes that the prevention of Surface Scale is made possible by the use 
of an inert atmospheric gas, such as Argon, within the casting furnace. However, the 
subsequent formation of Surface Melting during heat-treatment can only be prevented 
by pre-oxidising the as-cast components, thus forming Al2O3 in order to form a 
protective barrier to evaporation.  
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Chapter 1. Introduction to Gas Turbines and Nickel-Based 

Superalloys for Gas Turbine Applications  

1.1 Introduction 

The introduction and development of Nickel-based superalloys for use in gas turbine 

aero-engines has allowed the progressive achievement of higher engine efficiencies 

and greater performance. These superalloys exhibit enhanced performance at high 

temperatures, such as improved strength, creep and fatigue resistance, even at 

temperatures approaching their melting points. Because of this improved performance 

they are used extensively for the production of high-temperature rotating 

components, such as high-pressure turbine blades and nozzle guide vanes, used in gas 

turbine engines. These components have to operate in the hottest, most demanding 

sections of the gas turbine. Further performance gains have been achieved with the 

introduction of new thermal barrier coatings and internal cooling channels as well as 

the change of solidification structure from multi-grained to single-crystal castings. 

However, controlling the solidification structure, and therefore the resultant material 

properties, has become increasingly challenging due to the formation of defects during 

casting and heat-treatment. 

 

The proposed research program, based at the University of Leicester and in 

collaboration with Rolls-Royce plc., aimed to study the formation and microstructural 

evolution of two inter-related surface defects that form during casting and subsequent 

heat-treatment of single-crystal Nickel-based superalloy turbine blades. It is seen that 
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there is a spatial correlation to the location of the casting defect Surface Scale (an area 

of discolouration on the blade surface, discussed in Chapter 3) and the heat-treatment 

defect Surface Melting (a wrinkled area of localised melting on the surface of heat-

treated blades, discussed in Chapters 4 and 5), the cause of which was unknown. The 

impetus for this research project is the continuing problem of these surface defects on 

the cost and production through-put of turbine blades and it is hoped that, through 

understanding of their formation, proposals can be made that will result in their 

removal or abatement from the production process.  

1.2 The Gas Turbine Engine 

The gas turbine is used in a variety of power applications, from domestic electricity 

generation to naval propulsion, but due to its high power to weight ratio it has 

revolutionised the aviation industry and allowed worldwide air travel to flourish. All 

gas turbines run on the Brayton thermodynamic cycle, Figure 1.1, which involves 3 

stages; compression, combustion and expansion.  

 
Figure 1.1 The Pressure-Volume thermodynamic cycle for a simple gas-turbine [1] 

The gas turbine aero-engine, or ‘jet engine’, is used to accelerate air rearwards, taken 

in at the front and forced out the back at a higher speed. In doing so an equal and 

opposite force is transmitted through the engine and engine-mounts to the aircraft 
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providing forward thrust (F). Newton’s second law states that force is equal to the rate 

of change in momentum therefore an equation for thrust can be given as:  

        –                                                                 Equation 1.1                                         

Where V0 is the intake jet velocity, VJ is the exit jet velocity and W is the mass of air 

flowing through the engine (see Figure 1.2).  

 

Figure 1.2 Schematic diagram of a Rolls-Royce single-spool Turbojet [3] 

By increasing the jet velocity, VJ, and/or the mass of air flow through the engine, W, 

then greater thrust can be achieved [2]. The jet engine has many variants and 

components however they all share the same basic core known as a ‘Turbojet’ (Figure 

1.2). The turbojet consists of an intake, compressor, combustion chamber, turbine and 

nozzle. Pressure changes inside the aero-engine are schematically shown in Figure 1.3. 

 
Figure 1.3 Air pressure changes through the jet engine. Spare pressure is left to provide thrust [2] 

As shown in Figure 1.3, air enters the turbojet intake (position 1) at velocity V0 before 

passing through several compression stages (positions 2-3) which squash the air and 
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raise its pressure by around 40:1 and temperature to 800K [2]. The hot gas then enters 

the combustion chamber (position 4) where it is mixed with fuel and burnt at near 

constant pressure to raise its temperature to around 2500K (Note: This is unlike an 

internal combustion engine where fuel and air is combusted at constant volume). 

Combustion at constant pressure ensures that the airflow continues to accelerate 

rearwards, through the engine, and not ‘surge’ back through the front. It should be 

noted that there is a slight drop in pressure over the combustor (~5%) due to the 

restriction of the combustor geometry. The hot gas is now expanded through the 

turbine section (position 5) where a portion of its energy is used to rotate the turbine 

and thus drive the compressor, therefore sustaining its operation. The pressure drop 

over the turbine (position 5-6) is less than the pressure rise over the compressor 

(position 2-3) which leaves spare pressure left for useful work to accelerate the air to a 

high VJ and produce thrust [1][2][4].  

1.2.1 Turbojet vs. Turbofan 

In civil aviation the most common jet engine is the high-bypass turbofan.  The turbofan 

consists of a turbojet core but with the addition of a large fan at the front of the 

engine. The fan is driven by an additional, low-pressure, turbine stage and is designed 

to bypass a large portion of the incoming airflow around the outside of the engine core 

(Figure 1.4). The remaining air is forced through the core, as in a turbojet, which 

produces the power to drive the fan and compressor and create some added core-

thrust.   
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Figure 1.4 Diagram of a Rolls-Royce Trent 884 High-Bypass Turbofan [1] 

This arrangement results in a relatively low jet velocity, but much higher mass flow 

rate of air, as the spare pressure, that was left in the case of a turbojet, is now used to 

rotate the fan instead of accelerating the flow to high exit velocities. This design 

reduces engine noise since the noise is strongly related to the jet velocity; therefore 

any reduction in VJ results in a significant reduction in jet noise and is therefore more 

attractive to aircraft operators flying over populated areas [1].  

 

The amount of thrust produced by a jet engine varies not only with VJ but also with W 

as shown by Equation 1.1. The turbofan produces thrust by increasing W, accelerating 

a large amount of air to a relatively low velocity. The added benefit of this 

arrangement is an increase in fuel efficiency because the amount of fuel that is turned 

into useful jet kinetic energy varies with VJ2 whilst the thrust produced from that VJ 

varies linearly. As illustrated in Figure 1.5, as thrust increases (black curve), the fuel 

consumed to achieve that thrust (red curve) increases at a greater rate. So for an 

engine with a high jet velocity, like a turbojet, the fuel consumption will be high [2].  
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Figure 1.5 Relationship between thrust and fuel consumption for increasing jet velocity [2] 

The propulsive efficiency (a measure of the amount of engine power transferred to 

kinetic energy, thrust) is also improved by using a Turbofan jet engine since the jet 

velocity is lower than for an equivalent Turbojet, thus according to: 

      
    

 

 
   

    
  

                                                                  Equation 1.2 

By lowering the jet velocity to a value closer to the velocity of the surrounding air, the 

propulsive efficiency increases [4]. A compromise still needs to be made however, 

since increasing W also means increasing the fan size and thus the frontal area of the 

engine becomes bigger, increasing the drag of the aircraft and posing ground-

clearance design issues.  

1.2.2 Modern Engine Requirements 

The Turbine Entry Temperature (TET) is an important design consideration of an aero-

engine and is defined as the temperature of the gas flow, after combustion, as it enters 

the first stage of the turbine section (Figure 1.6). The TET is important since a higher 

TET improves the thermal efficiency of the engine and therefore has a positive effect 

on the specific fuel consumption. Over the last 50 years the TET on commercial 

turbojets has risen by ~700K to 1800K due to greater fuel efficiency and power 

 

Turbojet  

Turbofan  

Thrust  

VJ 

Fuel (VJ
2) 

 300m/s                      500m/s 
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requirements (Figure 1.7) [4]. This has had the benefit of a corresponding increase in 

thrust by a factor of 80 [5] compared to Frank Whittle’s early engines of the 1940’s [1].  

 
Figure 1.6 Rolls-Royce Trent family 3-shaft turbofan [Picture courtesy of Rolls-Royce plc] 

 
Figure 1.7 Evolution of TET during take-off since 1940 [4] 

The thermal efficiency (and power) that a jet engine generates is dependent on the 

difference in temperature between the cold source (the atmosphere) and the hot 

source (TET). It is therefore beneficial in the case of a jet engine to increase the 

temperature of the gas stream entering the turbine. This aim has been the biggest 

factor in driving the evolution and introduction of new materials, with greater 
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temperature capabilities, as well as the introduction of thermal barrier coatings and 

internal cooling passages to turbine blades. 

1.3  Nickel-Based Superalloys used in Aero-Engine Turbine Blades 

As discussed in the previous section, when designing a jet engine choosing a suitable 

TET is critical in order to achieve the required performance and efficiency. However, as 

TET is increased, the choice of materials capable of surviving in such hot, corrosive 

environments decreases. This directly affects the turbine blades, as they are located in 

the turbine section where they extract work from the hot combustion gases to drive 

the compressor and fan at the front of the engine. Superalloys are extremely 

significant to modern-day aviation, in 1950 around 10% of an aircraft’s jet engine 

weight was from superalloys whereas in 1985 that had risen to about 50% [6]. 

 

The high-pressure (HP) turbine blade operates in the harshest environment, directly 

after the combustion chamber, in gas temperatures in excess of 1600°C, which is 

above the melting point of the metal alloy [7]. As well as extreme temperature, the 

turbine blade has to withstand centripetal forces of approximately 18 tonnes (at take-

off), cyclic operation over many years, long service intervals (of approximately 5 

million miles), high-temperature oxidation/corrosion, thermal expansion and creep 

and impact damage from foreign objects [8]. Added to this are weight considerations 

of the turbine blades, since their weight adds stress to the whole rotor/shaft assembly 

and therefore is detrimental to fuel efficiency.  
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Figure 1.8 (a) Internal cooling passages through an HP turbine blade [7] and (b) cross-section of a typical TBC [9] 

The melting temperatures of superalloys are typically below that of the TET for 

example, the 3rd generation alloy CMSX-10 has a solidus temperature of 1366°C which 

is ~250°C lower than the gas-stream temperature around it. In order to prevent the 

blades from melting designers use internal cooling channels (with cooler, compressor 

bleed air) and external ceramic thermal barrier coatings (TBC) to lower the surface 

temperature of the blade to an acceptable level of ~1000°C (Figure 1.8) [1].  

1.3.1 Superalloy Chemistry and Microstructure  

A superalloy is a complex alloy-system that can be defined as:  

 
“An alloy developed for elevated temperature service, usually based on group VIIIA 

elements, where relatively severe mechanical stressing is encountered, and where high 

surface stability is frequently required” [5]. 

 
Most superalloys can be divided into three classes: nickel-based superalloys, cobalt-

based superalloys and iron-based superalloys [5]. However, Nickel-based superalloys 

are the class of high temperature superalloys used extensively in the production of 
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critical jet engine components and are discussed in this work. They are characterised 

by their ability to withstand creep deformation at elevated temperatures (up to 80-

90% of their melting point) [10] and exhibit a greater resistance to fatigue, thermal 

shock and have high strength that remains stable over a larger temperature range than 

other alloy systems, especially when operating at temperatures above 800°C.  

 

When rotating at extremely high speeds in a hot, corrosive environment turbine blades 

are particularly vulnerable to creep deformation and thermo-mechanical fatigue 

stresses, as well as a higher degree of oxidation and corrosion caused by the reactive 

combustion gases. Turbine blades can therefore quickly fail unless adequately 

protected. The need to increase engine TET, reduce the risk of blade failure and 

maintain a useful service life has resulted in the drive to better understand the alloy 

chemistry and the processes involved during manufacture. 

 

Some of the first Ni-based superalloys, like Inconel 600, consisted of a single nickel 

face-centred cubic phase with additions of chrome, copper, cobalt and iron. When 

compared to other materials of the time, such as stainless steels, these alloys had 

superior mechanical properties and were the basis on which newer generations of Ni-

based superalloys were developed [5] [11] [12].  

 
Figure 1.9 Diagram of (a) the FCC γ crystal structure and (b) the ordered L12 γ’ crystal structure 
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An important step in superalloy evolution was the addition of aluminium (around 6 

wt%) in order to improve some of the above performance requirements by creating a 

two-phase microstructure. A binary Ni-Al phase diagram (Figure 1.10) is commonly 

used to simplistically illustrate the phase changes in Ni-based superalloys. At room 

temperature, the alloy has two equilibrium phases, γ and γ’.  The γ phase is a 

disordered solid solution containing elements that make up the face-centred cubic 

crystal lattice (FCC) whilst the γ’ phase prefers an L12 structure [13]  containing nickel 

atoms at the face centres and aluminium atoms at the corners (Figure 1.9) [5]. This 

facilitates the formation of coherent, ordered cuboid intermetallic γ’ precipitates 

(Ni3Al) arranged within the γ matrix (Figure 1.10).  

 
Figure 1.10(a) Al-Ni binary phase diagram [14] and (b) Ni superalloy γ/γ’ microstructure [15] 

The fine, ordered distribution of the γ’ phase hinders the movement of dislocations, 

even at high temperatures. It is the combination of these two phases, with a large 

volume fraction of γ’ precipitates (~70%), that contributes to the high material 

strength and creep resistance of Ni-based superalloys [6] [10] [16]. 
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1.3.2 Alloy Elemental Additions 

Ni-based superalloys are complex alloy systems usually consisting of at least 10-12 

different elements which must be carefully controlled so as to achieve the desired 

material properties. As well as controlling the main elemental constituents it is also 

necessary to limit the concentration of undesirable impurities (such as silicon, oxygen 

and sulphur), which may be present in the elemental additions or revert material, if 

there is not appropriate melting and casting practice. These impurities can cause 

deleterious effects on material strength and oxidation resistance, in particular, sulphur 

is renowned for weakening the adherence of protective surface oxide scales and 

reducing stress rupture life  [5].  

 

During solidification the alloying elements segregate to either the solid γ phase, the 

liquid phases or to the grain boundaries. As the metal cools, (and during subsequent 

solution heat-treatment) the γ’ phase precipitates out within the γ phase matrix, 

creating the γ/γ’ structure. During the precipitation, elements that preferentially 

partition to the γ’ or γ phase are summarised in Figure 1.11, below. Aluminium, 

titanium, niobium and tantalum partition to the γ’ whilst nickel, cobalt, iron, chromium 

and tungsten partition to the γ phase. Finally, elements such as boron, carbon and 

zirconium partition to the grain boundaries, impeding dislocation movement. Another 

important group of elements are those that form surface oxides (like aluminium and 

chromium), which have beneficial effects on corrosion and in-service oxidation 

resistance. 
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Figure 1.11 Major alloying elements in Ni-based superalloys and where they partition to during solidification [5] 

The size and volume fraction of the γ’ precipitates is critical to the alloys creep and 

fatigue strength properties. The morphology of the precipitates is dependent on 

properties such as the lattice misfit, elastic anisotropy, precipitate elastic modulus and 

temperature, whilst the volume fraction is dependent on the Al + Ti additions. The γ’ 

precipitates typically range in size from 0.2 - 0.5µm, with a volume fraction of >60% in 

most Nickel superalloys [8] [10]. For comparison, the compositions of some 

commercially available single-crystal γ/γ’ superalloys are shown in Table 1.1 below. 
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Alloy Cr Co Mo W Ta Al Ti Hf Re Ru other 

1
st

 Generation            

PWA1480 10 5 0 4 12 5 1.5 0    

Rene N4 9.8 7.5 1.5 6 4.8 4.2 3.5 0 0.15  
0.5 Nb 
0.05 C 

SRR99 8 5 0 10 3 5.5 2.2 0    

CMSX-2 8 5 0.6 8 6 5.6 1 0    

CMSX-3 8 5 0.6 8 6 5.6 1 0.1    

CMSX-6 10 5 3 0 2 4.8 4.7 0.1    

2
nd

 Generation            

CMSX-4 6.5 9 0.6 6 6.5 5.6 1 0.1 3   

PWA1484 5 10 2 6 9 5.6 0 0.1 3  0.05 C 

Rene N5 7 7.5 1.5 5 6.5 6.2 0 0.15 3  0.05 

3
rd

 Generation            

CMSX-10 2 3 0.4 5 8 5.7 0.2 0.03 6   

Rene N6 4.2 12.5 1.4 6 7.2 5.75 0 0.15 5.4  0.1 Nb 

TMS75 3 12 2 6 6 6 0 0.1 5   

4
th

 Generation            

MX4/PWA1487 2.5 16.5 2 6 8.25 5.55 0 0.15 5.95 3 0.03 C 

TMS138 2.9 5.8 2.9 5.9 5.6 5.9 0 0.1 4.9 2  

Table 1.1 Composition of some commercially available superalloys (wt%) [adapted from 7,10] 

There exists much work in the literature about how each element behaves within the 

alloy and the contributions it has on the material properties. An explanation of the 

main effects each element addition has is detailed below [4] [7]: 

Ni – Nickel is the main constituent of any Nickel-based superalloy, it provides the FCC 

crystal matrix to which the other elements are added and results in the γ/γ’ 

microstructure key to the alloys high temperature properties. It has a relatively high 

melting point, 1455°C, a low thermal expansion coefficient and a density of 

8.907g/cm3. 

Al – Aluminium additions are typically ~6wt% and are vital in order for the γ’ phase to 

develop. Additionally it also forms a stable, protective alumina (Al2O3) oxide on the 
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blade surface which protects the blade from further oxidation and corrosion. Al does 

however act as a melting point depressant for Ni. 

Cr – Chromium is a solid solution strengthening element within the γ phase that also 

improves hot corrosion/oxidation resistance. However Cr is also prone to form the 

brittle Topologically Close Packed (TCP) phases and has therefore been reduced in 

recent alloy generations [5]. 

Co – The optimum amount of Cobalt has yet to be determined, and its concentrations 

vary considerably due to its contradictory effects. It has been shown to improve creep 

resistance and prevent TCP phase formation but also to lower the γ’ solvus and reduce 

TBC compatibility [7]. However, it has been shown to aid the homogenisation of the γ’ 

phase, within the γ matrix during heat-treatment, due to the lowered γ’ solvus.  

Mo – Molybdenum is a good solid solutioning element, strengthening both the γ and 

γ’ phases but negatively affects the alloys corrosion resistance properties and 

promotes TCP phase formation. 

W – Tungsten is also a good solid solutioning element, added to Ni-based superalloys 

to improve their high temperature strength due to its large atomic size. However, it 

also freely segregates to the γ phase and, with increasing concentrations, increases the 

risk of TCP phase formation and the nucleation of grain defects. 

Re – Rhenium is a relatively new and important addition, first appearing in the 2nd 

generation Ni-based superalloys, due to its ability to improve high temperature 

strength as a solid-solution strengthener. It is characterised with an extremely slow 

diffusion rate in Ni, which makes it good at resisting high temperature creep. It does 
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however come at a cost of increased density, micro-structural instability and a 

significant financial cost. 

Nb and Ta – Niobium and Tantalum are added to strengthen the γ’ precipitates, 

improving high temperature strength, by substituting for aluminium atoms in the 

lattice. Too much of these elements can make an alloy prone to the formation of 

brittle TCP phases. Ta also aids castability by reducing the formation of freckle defects 

[17]. 

Ti – Titanium is added to strengthen γ’ precipitates but is also prone to forming brittle 

TCP phases. Ti is known to exacerbate the rate of oxidation and negatively affect the 

adherence of thermal barrier coating’s and is therefore less common, or absent, in the 

later generation superalloys [18]. 

Hf – Hafnium improves the alloy coatability, oxidation resistance and, in non-single 

crystal superalloys, inhibits crack propagation caused by excessive grain boundary 

carbides [5]. 

C – Carbon additions are not normally found in single-crystal superalloys due to their 

lack of grain boundaries and because it lowers the γ phase solvus, restricting the time 

window available for heat-treatment [7]. It can be found in multi-grained components 

where it positively contributes to the casting process and strengthens grain boundaries 

by forming grain boundary carbides.  

B, Zr – Both Boron and Zirconium strengthen grain boundaries however they also 

lower the incipient melting point. Absent in Single-Crystal superalloys [19].  

Y – Yttrium will improve the adhesion of beneficial alumina oxides formed at high 

temperature as well as contributing positively to oxidation resistance [6]. 



Chapter 1 

 

17 
 

Ru – Ruthenium improves the stability of the alloy microstructure and reduces TCP 

formation, thus increasing strength, although at a high price due to its considerable 

expense. Ru partitions preferentially to the γ phase, where it allows higher levels of 

solid-solution strengthening elements, such as Re and W, without promoting the 

formation of TCP phases.  

 

Reed [4] produced a figure detailing the broad trends in the use of individual elements 

for Ni-based superalloys (Figure 1.12) following the transition from 1st generation 

single crystal superalloys to today’s 3rd and 4th generation single crystal superalloys. 

The 1st generation single crystal superalloys are marked by an increase in solid solution 

strengthening elements like Cr and Co and the ability to homogenise the 

microstructure with a single high temperature solution heat-treatment [15]. The 

transition from the 2nd generation to 3rd generation superalloys is characterised by an 

increase in rhenium content from around 3wt% to around 6wt% whilst the 4th 

generation superalloys have increased amounts of ruthenium. The increase in rhenium 

improved the high temperature capability of the superalloys but left them more prone 

to the formation of TCP phases. The addition of ruthenium to the latest 4th gen alloys is 

due to its ability to prevent TCP phase formation but at an increased cost due to its 

significant market price [7] [15]. 
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Figure 1.12 Compositional trends in Ni-based superalloy chemistry [6] 

The marked drop in Cr content over the years can be explained by the introduction and 

increased use of thermal barrier coatings. As stated earlier Cr is added to improve high 

temperature oxidation and corrosion resistance properties but is also susceptible to 

TCP formation. With the introduction of thermal barrier coatings, a ceramic layer 

added to the blade surface after casting, the need for Cr was removed. 

1.3.3 Topologically Close-Packed Phases 

Some important, but undesirable, phases to discuss briefly are the brittle, intermetallic 

Topologically Close-Packed (TCP) phase’s σ, µ and Laves. These are brittle phases that 

can form during long heat-treatments or during extended in-service high temperatures 

in alloys containing a high concentration of Co, Cr, Mo, W or Re [5][6][20][21]. TCP 

phases have closely packed atoms arranged in layers separated by relatively large 

inter-atomic distances and modern superalloys are increasingly prone to TCP phase 

formation due to an increase in the concentration of solid-solution refractory elements 

[22]. These phases typically have low ductility, causing a loss in mechanical strength, as 
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well as a reduction in corrosion resistance if present in significant quantities. They are 

commonly identified as long plates/sheets or globular precipitates, often nucleating on 

grain boundaries [6].  

 

The sigma TCP phase is particularly detrimental to superalloys since its high hardness 

and plate morphology make it a point for crack initiation to occur, leading to brittle 

failure at low temperatures. It also adversely affects the alloys high temperature creep 

strength as it ‘sucks’ solid-solutioning refractory elements like W and Re from the γ 

matrix [5]. 

 

The precipitation of TCPs is slow and usually requires long hold and high temperatures 

to compensate for the slow diffusivities of the constituent elements, W and Re. 

However they are also seen to develop, at lower temperatures and holds, between the 

superalloy surface and the latest generation of thermal barrier coatings (Pt-aluminide 

and aluminide [23][24]) in what is termed the ‘secondary-reaction zone’ or SRZ. 

Walston et al [25] summarised this particular instability and described the formation of 

the SRZ, as well as the related instability ‘cellular colonies’ which are formed at grain 

boundaries and within dendrite cores. The discontinuous nature of the precipitation of 

the TCPs is a result of the transformation of a supersaturated α’ phase into a 

structurally identical α phase and the lamellar β phase, similar to a eutectoid 

decomposition [25].  

 

Rae et al [23] investigated the effect of the substrate composition on the formation of 

the SRZ and found that the alloy CMSX-4 preferentially formed µ TCPs whilst the alloy 
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RR3000 preferentially formed σ TCPs. It was also found that, due to differences in 

morphology, the σ and µ phases give different diffusion path lengths, σ having a 

shorter path in RR3000 than µ in CMSX-4. This limits the rate at which the substrate is 

transformed. In a later paper [24] Suzuki and Rae stated that the formation of the SRZ 

microstructure was due to the transformation of the metastable Al-enriched substrate 

(due to inward diffusion of Al from the coating) into an equilibrium mix of γ, γ’ and 

TCPs. The TCPs are aligned perpendicular to the growth direction, facilitated by the 

rapid diffusion path of the surrounding high-angle grain boundary, and are therefore 

associated with a grain boundary with high mobility and diffusivity (Figure 1.13). 

Finally, Suzuki and Rae showed that Ru is effective in inhibiting TCP formation but has a 

detrimental effect on SRZ formation, promoting it rather than suppressing it [24].   

 
Figure 1.13 (a) Schematic image of a typical SRZ formed under an Aluminide TBC [24] (b) Micrograph of the SRZ 

formed on the single-crystal superalloy MC544 [26] 
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1.3.4 Superalloy Mechanical Properties 

The mechanical properties of Nickel-based superalloys should be briefly discussed 

since it is these properties, at high temperatures, which make them stand out from 

other alloy systems such as steels and titanium alloys. Through a combination of solid-

solution strengthening, precipitation-hardening and, in multi-grained components, 

carbide strengthening, these alloys exhibit high strengths and creep resistance at 

temperatures approaching their melting point. In fact, the yield strength of many 

Nickel-based superalloys actually increases initially with temperature before falling at 

~800°C [4].   

  
Figure 1.14 (a) Variation of yield stress for some typical single-crystal (SX) Ni-based superalloys [4] (b) Variation of 

yield stress with temperature of the SX alloy Mar-M200 and SX Ni3Al equivalent to a γ’ particle (taken from [4] 
[27]) 

Work by Piearcey et al [27] investigated the role of γ’ in the strength of Nickel-based 

superalloys by comparing the yield stress of the SX superalloy Mar-M200 to that of the 

constituent γ’ particle. They showed that the γ’ precipitates impart an increasing 

degree of strength to the superalloy from room temperature and that at and above 

the peak stress, the superalloy strength is determined solely by the γ’ precipitates and 

not the γ matrix [4] [25]. The method by which the γ’ deforms in relation to the γ 

phase, and its interaction with dislocations, is key to the strength of the superalloy. 

The paper by Pollock and Argon [28] showed the initial microstructure contains 
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dislocations within the γ matrix, with the γ’ precipitates dislocation-free. Once loaded, 

the dislocations initially move through the γ matrix (hindered by solute atoms), passing 

against the γ/γ’ interfaces and leaving a trail of dislocations. However, once the stress 

is high enough, the dislocations can begin to penetrate the γ’ precipitates [29].  

 

The most common method by which slip occurs within the γ’ precipitates is by shear 

due to anti-phase boundary (APB) dislocation pairs [30]. These ‘superdislocations’ are 

formed of pairs of ½<110> dislocations separated by an APB. The APB is formed by the 

leading dislocation as it destroys the L12 order (due to a Ni atom moving onto an 

energetically unfavourable Al site) whilst the trailing dislocation restores the L12 order 

after the APB has passed. This process exerts a drag stress on the superdislocation, 

preventing its penetration further into the precipitate, however the opposite is true for 

a second trailing dislocation which can then enter the precipitate under a lower 

applied stress [31]. 

 

The characteristic increase in strength with temperature seen in Nickel-based 

superalloys is explained by this method of dislocation movement through the γ’ 

precipitates. The APB (formed by the lead passing dislocation) has a higher energy on 

the {100} plane than on the {110} plane and so, as temperature rises, the dislocations 

can cross-slip onto this plane resulting in one of the dislocation pairs on a different 

plane, effectively pinning them and making further slip difficult. This is known as ‘Kear-

Wilsdorf locking’. This hardening effect is reduced once the temperature is increased 

to a point where diffusion is enabled, allowing rapid rearrangement of the atoms and 

making dislocations more mobile [7], [31]. The impressive high-temperature 
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mechanical properties of Nickel-based superalloys are thus a composite of the strength 

of its constituent phases and their interactions. 

 

The chemistry and composition of the Nickel-based superalloys has consistently 

evolved with the drive to improve the material properties, in particular creep and 

fatigue strength. At the same time, the manufacture and processing of turbine blades 

has also evolved, with the aim of improving the properties of the finished blade. The 

processes involved in the manufacture of a single-crystal turbine blade, and some of 

the advances made, will be discussed in the next Section. 

1.4 Investment Casting and Directional Solidification 

Gas turbine blades are manufactured using an investment casting process, allowing the 

production of equiaxed grain, columnar grain or single-crystal turbine blades (Figure 

1.15). Directionally solidified (DS) and single-crystal (SX) Ni-based superalloys have 

enhanced high-temperature capabilities, compared to equiaxed grain components, 

which can be explained in part by the alignment (or elimination) of grain boundaries 

with the primary stress direction [32]. This has dramatically improved the thermal 

fatigue resistance, cyclic strain life, intermediate temperature ductility and creep 

resistance of high-temperature turbine blades. At the same time, removing grain 

boundaries allowed optimisation of the alloy chemistry, by removing strengtheners 

like carbon and hafnium, facilitating further improvements to high-temperature 

strength and creep properties [33].  
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Figure 1.15 (a) Conventionally cast equiaxed grain (b) DS and (c) Single-crystal turbine blades (taken from [8]) 

1.4.1 Investment Casting 

Figure 1.16 illustrates the stages involved in the investment casting process. A wax 

model of the turbine blade is first made using a metal die. To increase production rates 

several wax blades are assembled together, with wax runners and risers, allowing 

multiple blades to be cast at once. The wax assembly can now be coated in alternate 

layers of ceramic slurry (mixes of zircon, alumina, and silica) and larger, stuccoing 

particles to create a strong, heat/shock resistant ceramic mould. The ceramic layers 

are built up until the required thickness is achieved depending on the strength 

required for casting. After melting out the wax assemblies in a steam oven the ceramic 

mould is fired to increase its strength so that the molten alloy can be introduced to the 

mould without it cracking [34]. 

A B C 
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Figure 1.16 Main stages in the investment casting of turbine blades [4] including a wax blade assembly (left) [7] 

The casting furnace operates under vacuum, to prevent reactions between the furnace 

atmosphere and the molten alloy, and melts a superalloy ‘charge’ (usually via 

induction heating) which is poured into the ceramic mould via the runners and risers. 

The molten superalloy is introduced from the top down a central channel but fills the 

turbine blade cavities from the bottom via the runners and risers. The mould assembly 

is in contact with a copper chill-plate at the bottom, the purpose of which is to initiate 

solidification by the formation of equiaxed grains which can subsequently be 

transformed into DS or SX parts.  

 

It is possible during the wax assembly stage to create internal cooling channels, within 

the turbine blades, by inserting ceramic cores into the die before introducing the liquid 

wax. These ceramic cores remain until after casting has finished, imparting their shape 

to the interior of the turbine blade, and are subsequently removed by a chemical 

leaching process. 
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The ceramic mould constituents are a complex system in their own right, developed to 

have enough strength to resist thermal shock during casting but have enough ductility 

to allow the solidifying blades to contract without imparting significant strain. Jones et 

al [34] listed the key requirements for a successful ceramic mould and investigated 

possible future developments for mould design, including the use of organic fibres in 

the binder to reduce shell production times and improve performance. The typical 

slurries used for turbine blade manufacture are composed of fine-mesh refractory filler 

and a colloidal binder, such as water-based colloidal silica. A secondary-electron image 

of the ceramic is shown in Figure 1.17 detailing the binder, filler and stucco (ceramic 

particles used between slurry layers to aid binding) materials. 

 
Figure 1.17 Secondary-electron image of the ceramic; (A) colloidal binder (B) refractory filler (C) stucco [34] 

The filler material used tends to be 200 mesh sized oxides such as zircon, Al2O3, silica, 

yttria or mullite on the primary ceramic coats (which allows a fine surface finish to be 

achieved on the as-cast component) with larger filler material used on the subsequent 

back-up coats to achieve the desired mould strength. The stucco particles are typically 

alumina-silicate for economy and are used to minimise drying stresses and provide a 

rough surface between ceramic layers, assisting in the bond between them [34].  
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1.4.2 Directional Solidification 

To produce DS or SX gas turbine blades the directional solidification technique was 

developed to create a positive thermal gradient parallel to the growth direction of the 

solidifying blade [32]. During directional solidification, the liquid alloy is introduced 

into the mould before the mould/chill-plate assembly is lowered out of the furnace at 

a controlled rate, producing the required vertical temperature gradient. Equiaxed 

grains nucleate on the chill-plate, at the bottom of the mould, with essentially random 

orientations [35][36].  

 

Competitive grain growth occurs as the solidifying metal is continuously withdrawn 

from the furnace, favouring the grains whose <001> orientation most closely match 

the thermal gradient (Figure 1.18(b)); those grains not aligned along the thermal 

gradient grow at a slower rate (vertically) than those dendrites that are aligned. 

Because of the slower growth velocity of the mis-aligned dendrites, their growth front 

is retarded, allowing the aligned <001> dendrites to overtake and block their growth.  

          
Figure 1.18 (a) Bridgman type induction furnace for DS casting [37] and (b) schematic diagram of competitive 

grain growth during directional solidification, grains A and B are favourable and unfavourable respectively [38] 

B A 
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In order to produce a single-crystal (SX) turbine blade it is necessary to introduce 

either a grain selector or a seed to the bottom of the casting. The grain selector, or 

‘pig-tail’, is a helical section of the starter block, above the initial solidification region 

and chill plate but below the turbine blade body. This acts as a filter, allowing only a 

single grain of the correct crystal orientation to pass into the blade cavity [35][37]. 

 

Another method involves the insertion of a ‘seed’ of pre-cast alloy, with the desired 

crystal orientation, on the chill-plate. The seed is pre-heated to partially melt-back the 

top of the seed before molten superalloy is poured onto the seed, so that the molten 

superalloy will solidify with the same crystal orientation as the seed crystal. The main 

advantage of using a seed is that any crystal orientation can be selected, simply by 

changing the seed, making it possible to cast blades with specific crystal orientations 

and anisotropic properties [39]. 

1.5 Solidification of Nickel-Based Superalloys 

1.5.1 Grain Structure Evolution during Casting 

In order to design and manufacture a casting component, with the aim of improving its 

mechanical properties, it is important to understand the structural change that occurs 

during the solidification process. It is well known that by changing the grain structure 

or crystallographic orientation of a metal it is possible to improve, or deteriorate, the 

material properties. Coupled with this, the segregation of alloying elements during 

solidification to different regions within the melt can also have dramatic effects, 

desirable or undesirable, on the final material properties.  
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There are many forms that the structure of a solidifying alloy or pure metal can take; 

cellular and planar amongst others but the most important to this scope of study, and 

the one most common in Nickel-based superalloys, is the ‘tree-like’ dendrite. The 

formation of dendrites is initiated by the breakdown of an unstable planar solid/liquid 

interface and usually the dendritic growth of a solidifying alloy will be either columnar 

or equiaxed. Columnar dendrites occur when the growth direction is orientated 

parallel with the direction of heat flux, but in the opposite direction (Figure 1.19(b)). 

Equiaxed dendrite growth occurs when the direction of heat flux is the same as the 

direction of growth, heat being extracted radially through the undercooled melt [40].   

 
Figure 1.19 (a) Columnar to equiaxed transition and (b) columnar dendritic heat field [10][37][41]  

In conventional metallic casting conditions, columnar to equiaxed transition (CET) can 

occur.  As the temperature falls below the liquidus, grains nucleate at heterogeneous 

sites on, or near to, the mould wall. This produces a thin outer wall of equiaxed grains 

however, since heat is being removed through the mould walls, there is directionality 

to the heat flux which causes competitive dendrite growth to occur in the opposite 

direction. This favours those dendrites most closely aligned to the direction of heat 

flux, forming the columnar zone. As the dendrites reach a critical stage branches of the 

dendrite lobes can become detached and grow independently due to the slight under-

cooling existing within the remaining liquid. These form a centre region of equiaxed 
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grains with their heat being removed radially rather than parallel to the growth 

direction. The degree to which this occurs is strongly related to the amount of 

convection/stirring within the melt [40]. This transition is particularly important to Ni-

base superalloy turbine blade production as the mechanical properties of the blade are 

strongly dependant on the grain orientation (and the elimination of high-angle grain 

boundaries which are grains whose orientation is greater than 10° from the desired 

bulk crystal orientation) [42]. 

 

As stated earlier, it is important to create and maintain the correct grain structure in 

order to optimise the mechanical properties of the final cast item. Methods such as 

adding grain refiners (which remain solid during casting and act as heterogeneous 

nucleation sites) and directional solidification were developed in order to ‘tune’ the 

microstructure to achieve the desired material properties. Figure 1.20 shows the 

dendritic microstructure of a single-crystal Nickel-based superalloy used for turbine 

blade manufacture. For this purpose it can be seen that all the dendrites have been 

aligned along the same axis (parallel to the direction of greatest stress) with no high 

angle grain boundaries or equiaxed regions. This is one of the contributing factors to 

the high creep resistance and tensile strength of directionally solidified Nickel-based 

superalloys [43].  
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Figure 1.20 Scanning electron microscopy image of the dendrite morphology of a Nickel-based superalloy along 
(a) transverse and (b) longitudinal directions [43] 

1.5.2 Primary Dendrite Arm Spacing and Micro-Segregation 

Dendrites can be described by characteristics such as the dendrite tip radius, primary 

arm spacing and the secondary arm spacing (Figure 1.21).  

 
Figure 1.21 Dendrite characteristic length scales [37] 

Dendrite length scales are usually given the notation, λ1, for primary arm spacing, λ2, 

for secondary arm spacing and so on. Usually as the cooling rate is increased so the 

primary dendrite arm spacing becomes finer. Since during directional solidification the 

dendritic growth is predominantly columnar the primary arm spacing defines the 

maximum length scale over which micro-segregation of alloying elements can occur, 

that is elements preferentially moving from one location to another [44]. Figure 1.22 

A B 
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shows a transverse secondary electron image of columnar dendrites with darker inter-

dendritic (ID) regions. 

 
Figure 1.22 Transverse secondary electron image of a dendritic Nickel-based superalloy with segregation of alloy 

elements to the inter-dendritic and dendrite core regions [43] 

During solidification some elements will preferentially partition to the dendrite cores, 

such as Co, Cr, Re and W, whereas other elements will partition to the ID regions, such 

as Al and Ti. This is known as solute micro-segregation. It arises due to the preferential 

partitioning of elements to either the solid or liquid during solidification. As the 

dendrites form, those elements that partition to the solid become enriched and 

‘frozen’ within, likewise those elements that partition to the liquid are rejected and 

enrich in the liquid, where they can diffuse easily. This results in a concentration 

gradient from the dendrite core to the ID regions and as the final stages of 

solidification proceed, the ID regions can freeze as pools of eutectic γ/γ’ phases 

[7][10][43][45]. 
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The scale of primary arm spacing will affect the distances over which these elements 

must diffuse, and subsequently will affect the solution heat-treatment time (and cost) 

needed to homogenise the segregated as-cast microstructure [44][46].  It is generally 

considered that a finer as-cast primary arm spacing leads to higher mechanical 

properties, lower heat-treatment times (since solutioning time is proportional to the 

square of the primary arm spacing) and reduced risk of casting defects  [37][42][47].  

1.6 Heat-Treatment of Nickel-Based Superalloys 

Superalloys are heat-treated in order to homogenise the as-cast γ/γ’ microstructure 

and strengthen the alloy by refining the γ’ precipitate size upon cooling [48]. These can 

typically be divided into 3 classes: solution heat-treatment, ageing heat-treatment and 

coating heat-treatment. A suitable solution heat-treatment is used to remove the 

inter-dendritic eutectic phases and homogenise the local solidus temperatures thus 

significantly improving the superalloy mechanical and high-temperature properties 

[49][50][51].  

            
Figure 1.23(a) Optical micrograph of the as-cast dendrite network γ/γ’ with ID eutectic [52] (b) CMSX-10N as-cast 

segregated microstructure with increased fraction of ID eutectic (in white) [17] 
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When designing a suitable solution heat-treatment cycle it is necessary to find a 

temperature within the γ single phase field where the γ’ solvus temperature is reached 

before incipient melting of the alloy can occur, this is known as the heat-treatment 

‘window’ [15]. In order to reduce the cost of solutioning, the maximum solutioning 

temperature is desired to be as high as possible (to facilitate fast diffusion of 

segregated elements) and the hold time as short as possible, however if localised 

melting is encountered this will result in rework or scrapping of the component. It is 

therefore useful to know the temperature at which γ’ solutioning is complete, the 

eutectic phases have fully dissolved and homogenisation of the microstructure is 

achieved [49]. Because of this the design of an adequate heat-treatment window is 

always a key factor in new alloy design and development 

 

To ensure that localised incipient melting does not occur during the final hold 

temperature, a series of ramps/holds are employed to partially homogenise the alloy 

and remove the eutectic phases, via solid-state diffusion, before reaching the final hold 

temperature. As can be seen from Figure 1.24 the rates of diffusion for the segregation 

prone refractory additions, Re and W are very slow within the Ni matrix and this has 

had a huge impact on the development of heat-treatment cycles and resulted in an 

increase in the typical heat-treatment time from a few hours at 1300°C, for 1st 

generation superalloys [7][15], to 30-35 hours at 1366°C for the 3rd generation 

superalloy CMSX-10 [53]. 
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Figure 1.24 Diffusion rates of key alloying elements within pure Ni as a function of inverse temperature [54] 

Once the final solutioning hold has been completed the components are quenched, 

typically with argon gas circulated using fans to maximise the cooling and minimise 

hot/cool spots within the furnace. The solutioned microstructure subsequently 

consists of a homogenised γ matrix with irregular γ’ particles precipitated during 

cooling. These are then grown into regular, cuboidal γ’ precipitates during the 

following ageing heat-treatments [7][52].  

 

Once solution heat-treatment has been completed subsequent ageing heat-treatments 

may be applied to modify the morphology of the γ’ precipitates to regular, cuboids in 

order to improve mechanical properties such as creep life [55] (or in the case of DS and 

equiaxed castings, the ageing heat-treatments will precipitate grain boundary 

carbides). Ageing heat-treatments are typically done at lower temperatures than 

solutioning but for longer hold times for example, the SX superalloy CMSX-4 has a 
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primary ageing at 1080°C for 4 hours followed by a secondary age at 870°C for 16 

hours [56]. 

    
Figure 1.25 Secondary electron imaging of the Ni-base superalloy CMSX-4 after (a) solutioning and (b) ageing [52] 
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Chapter 2. Defect Formation during Casting and Heat-

Treatment of Nickel-Based Superalloys 

The following Chapter introduces some typical casting and heat-treatments defects, 

and their formation, found on Nickel-based superalloys. The process of oxidation, and 

in particular high-temperature oxidation, is also discussed in detail due to its 

importance to many of the discussions in this Thesis. 

2.1 Casting Defects 

A casting defect is any imperfection or irregularity in the as-cast product that is either 

tolerable or intolerable (in which case it must be removed, repaired or scrapped). For 

turbine blades, it is vital to the final strength that casting parameters are adequately 

controlled in order to minimise the risk of casting defects. Due to the inherent high 

cost of the production of turbine blades it is necessary to minimise/remove these 

detrimental defects (in order to maximise profit) by understanding their formation. It 

is for this reason that considerable research has been, and continues to be, conducted 

on casting (and processing) defects. Some intolerable casting defects that have 

negative effects on the material properties of Nickel-based turbine blades are 

discussed below. 

2.1.1 Stray Grain Formation and Freckling 

Misaligned or ‘stray’ grains can form during the solidification process of SX 

components in areas around complex geometric features like platforms and shrouds, 

nucleating with random crystallographic orientations and hence may form high-angle 
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grain boundaries (>10° from the bulk crystal orientation). They are known to act as 

favourable locations for crack initiation and are deleterious to creep life, resulting in 

possible in-service failure [57][58].  

 

Freckling is identified as a thin chain of randomly nucleated stray grains associated 

with localised variations in concentrations of alloying elements and is particularly 

prevalent in 3rd and 4th generation superalloys rich in Re. The presence of stray grains 

and freckling is therefore extremely detrimental to the mechanical properties of the 

turbine blade [59]. The formation of stray grains is typically a result of localised 

changes in the thermal gradient due to the geometry of the casting, or improper 

casting parameters. However, freckling is seen to additionally be a product of 

increasing concentrations of refractory elements, causing convective instabilities in the 

melt due to dendritic segregation and gravitational forces on the denser refractory 

solutes [59].  

 
Figure 2.1 (a) Trail of small equiaxed grains to form a freckle defect and (b) a single, mis-orientated stray grain 

[60] 

A 
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2.1.2 Cracking and Hot Tearing 

Columnar grained components can be prone to grain boundary cracking during 

solidification and when cooling around ceramic cores, used to provide internal cooling 

passages, due to differences in thermal expansion in the final stages of solidification. 

Some directionally solidified alloys (DS) such as IN792 are well-known to be particularly 

susceptible to hot tearing during the latter stages of solidification [61]. As the alloy and 

ceramic cores cool, large hoop stresses can be created causing cracks to form at the 

grain boundaries. This can be alleviated by adding 0.75-2% Hf to the alloy [5][62][63]. 

Unfortunately Hf additions have two key detrimental effects, (1) Hf is a reactive 

element that can react with the mould to form brittle inclusions within the alloy and 

(2) it lowers the incipient melting temperature of the alloy, making solutioning of the 

γ’ without melting the component difficult [61][53][54][66]. 

2.1.3 Surface Scale 

Surface scale is a particularly common casting defect identified as an area of the as-

cast turbine blade surface that exhibits a ‘fish-scale’ like discolouration and roughness. 

It is usually multi-coloured in the as-cast condition and after subsequent heat-

treatment becomes a darker grey (Figure 2.2) [67][68]. It is seen that the area of the 

turbine blade that exhibits surface scale is the upper aerofoil section (that is 

withdrawn last from the furnace) and that single crystal Nickel-based turbine blades 

are particularly prone to this defect [7][19].  
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Figure 2.2(a) Surface scale after casting and (b) after subsequent heat-treatment [7][19] 

Surface scale is a commonly occurring casting defect on SX Nickel-based superalloy 

turbine blades but has been little reported in the open literature, most notably 

however in the thesis by Dr G. Brewster [7] who conducted the first research  into the 

chemistry, nature and factors affecting the formation of surface scale found on the 1st 

generation superalloy, SRR99.  The term ‘scale’ is commonly used in oxidation studies 

whilst ‘surface scale’ is an in-house term used within the Precision Casting Facility 

(PCF) at Rolls-Royce plc to refer to this particular surface defect. All other areas of the 

scaled turbine blade are subsequently referred to as ‘unscaled’. 

 

Surface scale has a significant impact on the post-processing of turbine components 

following heat-treatment. The scaled regions must be mechanically abraded using a 

blasting operation with grit media before the component can be etched to visually 

assess the for grain structure defects like freckling and mis-orientated grains. The 

adherence of the surface scale to the parent substrate therefore determines the 

intensity of the mechanical ablation and it follows that three scenarios can arise: 

Scaled region 

A B 
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i. For a less aggressive blast, the scale remains adhered to the surface and, because 

the scale is not attacked by the etch reagent, this region is consequently “opaque” 

and cannot be inspected for grain defects. 

ii. For an aggressive blast, whilst it is possible to “peel” off the surface scale layer, 

there is also an appreciable removal of metal from beneath the scale, as well as 

from the unscaled surface and this can lead to a distortion of the aerofoil 

geometry or a thinning of the blade surface beyond specified limits. 

iii. The grit-blasting action will impart residual strain into the turbine blade surface, 

this strain can result in the formation of re-crystallised grains which reduce the 

strength of the component and necessitate its scrapping. 

All of these scenarios will result in an increase in production costs due to blade 

scrappages, re-work and lost time. It is difficult to know the exact cost of surface scale 

to the casting facility, since it has not been evaluated individually. In 2010 a cost 

analysis of the total effects of surface scale (and the related surface melting) was 

estimated at £1.2m per annum [67] in a modern casting foundry. 

 

The most notable research into surface scale to date was produced by Dr G. Brewster 

[7], who investigated the factors affecting the formation of surface scale on the 1st 

generation alloy, SRR99, including its composition and chemistry. Brewster showed 

that the blue/gold discolouration of the scaled area is an optical effect caused by thin 

film interference effects and that a layer of eutectic, ~20µm thick, is present along the 

blade surface in the scaled areas, due to shrinkage of the dendrite network and the 

subsequent flow of inter-dendritic liquid to the surface of the casting. This only 

occurred at higher solidification heights due to stresses imparted on the mushy zone 
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from the contracting solid below. It was also shown that, on the alloy SRR99, surface 

scale constitutes a thin oxide film (~ 150nm thick) of predominantly Al, Ti and Cr and 

he proposed that the formation of these oxides were driven by mould-metal 

separation allowing oxidation of the solid alloy during the latter stages of solidification. 

Brewster’s mechanism of scale formation is shown in Figure 2.3 and forms the basis of 

the revised formation mechanism diagram proposed in Chapter 3.  

 
Figure 2.3 Proposed formation mechanism of Surface Scale from Brewster [7] 

2.1.3.1 Surface Scale on Rolls-Royce’s Single-Crystal Components 

Surface scale is an important defect to the PCF and has therefore been subject to 

internal investigations, although no correlations were made that could prevent surface 

scale formation. The internal report by Grindley [67] showed that surface scale is seen 

post-cast when the ceramic mould shell is removed and it always occurs across the 

upper aerofoil, under the shoulder of the turbine blade (TB) and the extent of surface 

coverage varies with the geometry of the blade. In the case of low-pressure (LP) and 

intermediate-pressure (IP) TB’s, having an appreciably greater length of aerofoil 
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compared with the high-pressure TB’s, the extent of surface scale coverage across the 

length of the aerofoil is more severe. It is the convex portion of the blade aerofoil that 

is affected by surface scale with little or no scale found on the reverse, concave side.  

 

Several casting parameters were also investigated for their effect on surface scale 

formation and these are concluded below [67]: 

i. Faster mould withdrawal rates from the furnace hot-zone during casting were 

shown to increase the severity of surface scale coverage. 

ii. A trial to test whether blade orientation within the casting furnace affected the 

spatial location of surface scale was conducted on blades cast root-up 

(standard orientation) and root-down. This showed that surface scale always 

formed on the last part of the blade to solidify, irrespective of orientation, 

although the localised mould shape affected the spatial dimensions of the 

scale.  

iii. The feeder and continuator designs (the parts that direct the liquid metal into 

each blade cavity in an even manner) were investigated and it was found that a 

Y-shaped continuator increased the scale severity. 

2.1.3.2 Research on Surface Scale and Mould-Metal Reactions in the Literature 

There is little literature on the formation of surface scale; although limited 

experimental evidence exists that cites the beneficial role of carbon additions 

≤450ppm in suppressing the formation of surface scale [69][70]. A possible reason for 

the occurrence of surface scale can be related to a mould-metal reaction, since the 

metal and the ceramic mould are in intimate contact, at high temperature, during 
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casting. Frye et al. [71] have classified possible mould-metal reactions that involve an 

oxide at the mould interface (MxOy) reacting with an element in the liquid alloy (N) to 

form a new oxide (NxOy) and dissolution of the displaced element, M, which then 

dissolves in the liquid metal/alloy. These reactions are particularly prevalent in alloy 

systems with additions, like Al, that form stable oxides with large negative free 

energies of formation and are therefore important considerations for Ni-base 

superalloys due to their relatively high Al content. These mould-metal reactions are, 

however, classified as occurring over the entire casting surface whereas surface scale is 

clearly relegated to certain areas. 

 

Most notable alloy examples where such mould-metal reactions occur are: steels [72], 

Ti and TiAl alloys [73], Mg alloys [74], and NiTaC systems [75]. A key feature of these 

mould-metal reactions is that the reaction product is responsible for the existence of a 

strong adherence between the mould prime-coat and the surface of the casting.  

 

Reports in the literature of mould-metal reactions in Ni-base superalloys are sparse; 

the most notable being the study of Piwonka [76], which reports the reaction between 

the Ni-base superalloy, Rene 80 and a zirconia/silica base ceramic mould. It was argued 

that Al, Ti and Hf from the liquid alloy can react with the silica (SiO2) to form alumina 

(Al2O3), which can account for an Al denuded zone identified in the vicinity of the 

casting surface. A key aspect of this type of reaction is that it occurs across the entire 

casting surface since the reaction occurs when the alloy is liquid.  
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2.2 Heat-Treatment Defects 

The as-cast microstructure of modern Nickel-based superalloys is increasingly 

segregated due to the rising addition of refractory elements and therefore requires 

complex heat-treatment processes, which are both time consuming and expensive. 

Solution heat-treatments involve a series of ramps and lower temperature isothermal 

holds before a final isothermal hold at the solutioning temperature. This is done to 

achieve part-homogenising of the as-cast alloy before reaching the final solutioning 

temperature and thus avoiding incipient melting. However, this process is made 

challenging due to the narrow heat-treatment window (Solidus temperature - γ’ 

Solvus) of these alloys and the high temperatures required for adequate 

homogenisation [49][52][54]. The following heat-treatment defects, Surface Melting 

and Recrystallization, are described here due to their importance to this Thesis. 

2.2.1 Surface Melting 

An undesirable side-effect of solution heat-treatment is the formation of surface melt 

blisters/wrinkles. The melt blister is an area of the blade surface (10’s mm2) that has 

incipiently melted during solution heat-treatment, resulting in a raised re-solidified 

defect with a characteristic darker appearance than the rest of the blade (Figure 2.4). 

This defect is directly linked with surface scale because it is in the areas that previously 

exhibited surface scale that the melt blisters appear during subsequent heat-

treatment. This melted and re-frozen layer has to be mechanically abraded before the 

components surface can be visually assessed for grain structure defects such as re-

crystallisation, freckles and high-angled grain boundaries. It is also more likely that the 
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blade will be scrapped due to excess material removal (resulting in exceeded 

dimensional tolerances) or if the part requires too many rework stages. 

 
Figure 2.4 Surface melt blister on a solutioned Intermediate-Pressure (IP) Trent 800 turbine blade [67] 

It is particularly common on the SX Nickel-based superalloys CMSX-10K and CMSX-10N 

due to their very limited solution heat-treatment windows, where they are taken very 

close to their melting temperatures (it should be noted that surface melting is also 

seen on CMSX-4 components as well). It is also seen however that these melting 

defects are commonly found on under-solutioned components and is therefore a 

result of significant localised melting temperature suppression, not bulk over-heating 

[7]. The cause of the formation of this particular defect during solutioning forms the 

basis of the investigations in Chapter’s 4 and 5. 

2.2.1.1 Surface Melting Experience at the PCF, Rolls-Royce plc 

Surface melting is a commonly occurring surface defect on SX Nickel-based superalloy 

turbine blades at Rolls-Royce plc. and has therefore been subject to internal 

investigations to try and minimise the impact on productivity. It is particularly 

prevalent on the SX alloys CMSX-10K and CMSX-10N; however other alloys such as 

CMSX-4 are also affected. Two key Rolls-Royce internal reports by Jackson et al [68] 
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and Grindley [67] aimed to track the causes and influential factors of surface melt 

defects by means of investigating each variable along the casting and heat-treatment 

process cycle. These included casting and heat-treatment furnace variables (for 

example: temperature variation, power spikes and withdrawal rates), mould shell 

material affects and alloy bar-stock composition. Achieving statistically relevant results 

for many of these variables proved difficult however, due to the complexity of the 

processes involved and the sporadic nature of the surface melting defect. A statistical 

analysis of the occurrence of surface melting was conducted for two different alloys 

(CMSX-10K and CMSX-10N) on sample sizes of 4,428 and 6,135 respectively, which 

found the percentage of affected blades to be 33% and 53% respectively and the 

associated cost (due to rework) was estimated to be between £100K-200K per annum 

in 2005 [67]. There is therefore a significant financial incentive towards minimising the 

occurrence of this surface defect. 

 
Grindley’s investigation noted that the occurrence of surface melting could be 

eliminated from the majority of the CMSX-10K/N components by using an alternate 

heat-treatment furnace in Woodford. The cause of this was not fully understood but 

the main differences between the Woodford furnace and the standard production 

furnace at Bodycote plc in Derby is that Woodford uses Molybdenum heating elements 

and liners whereas the Bodycote furnace uses graphite. The Bodycote furnace was also 

more prone to temperature overshoots and power spikes due to temperature lag on 

the insulated thermocouples and inaccurate temperature readings. To counter this 

problem, a number of trials have been conducted to attempt to achieve complete 

homogenisation of the bulk microstructure, whilst preventing surface melting, by 
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changing the heat-treatment profile. These results showed however that complete 

homogenisation, within an adequate time-scale, was difficult to achieve without 

encountering surface melting.  

2.2.1.2 Research on Surface Melting in the Open Literature 

The most recent work reported so far is the thesis by Brewster [7] who investigated 

the bulk solutioning and melting properties of some key SX Nickel-based superalloys, 

as well as analysing the surface melt blister morphology in detail. Brewster showed 

that the surface melt blister is not necessarily a product of bulk over-heating during 

solution heat-treatment since it was evident on under-solutioned samples, but rather 

due to localised depression of the incipient melting temperature. He also noted that 

there was a significant increase in the levels of Si within the melt blister region (~5 

wt.%), which acts as a melting point depressant. The most likely source of the Si is the 

ZrSiO4 and SiO2 within the mould shell used during casting which reacts with the Al in 

the melt during casting to form Al2O3 and elemental Si. This is one of the key stages 

during the formation of Surface Scale, occurring in the unscaled regions, and is 

discussed in Chapter 3.  

 
Figure 2.5 OM image of melt blister cross-section from a heat-treated SX turbine blade  

A recent paper by D’Souza et al [77] studied the microstructure and composition of a 

typical melt blister cross-section found on the scaled region of a solutioned CMSX-10N 

SX turbine blade. The surface melt blister was shown to be an area of significant 

microstructural instability with both incipient melting and solid-state transformations 
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occurring during solutioning. The morphologies that evolved along the surface cross-

section of the melt blister were (in order of appearance along the cross-section):  

(i) SX γ’ grains with fine TCPs precipitated within. 

(ii) Polycrystalline γ’ cells with large needle-like TCP sheets.   

(iii) SX banded cellular structure of alternating γ and γ’ phase which has incipiently 

melted and re-frozen with the orientation of the substrate. The γ’ bands show γ 

channels and TCPs whilst the γ bands precipitate out the γ’ phase.    

It was shown that the composition in all three regions was significantly enriched in Al 

and Si which was identified as the cause of the incipiently melted banded cellular 

region; however the cause of this enrichment was not identified. The morphology of 

the melt-blister was shown to be characteristic of the discontinuous precipitation 

reaction and secondary-reaction zone (SRZ) (a γ’ matrix with TCP precipitates and γ-

lamellae) which is typically found beneath the diffusion zone of thermal barrier 

coatings [25]. The findings of this paper showed that the melt-blister is an area of 

significant microstructural instability, where it is possible for the stable γ phase 

(matrix) to be transformed to the non-equilibrium γ’ phase in the near-surface region 

of the casting during solutioning. 

2.2.1 Recrystallization  

A particularly undesirable defect found on directionally solidified turbine blades, due 

to its detrimental impact on creep and fatigue properties, is recrystallization (RX). This 

is the formation of randomly orientated grains, during heat-treatment, as a result of 

cold work done on the as-cast component. This could be grinding/blasting operations 

to remove casting defects such as surface scale, or due to differential thermal 
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contraction between mould, metal and internal ceramic cores [78]. Porter and Ralph 

[79] reviewed the mechanisms of recrystallization on four wrought Nickel-based 

superalloys; particularly investigating the effect of γ’ distribution on the motion of the 

recrystallization front.  It was shown that the recrystallization front is characterised by 

high diffusivity and solubility which causes, in low γ’ fraction alloys, complete 

dissolution of the γ’ ahead of the recrystallization front followed by re-precipitation 

behind it. In high γ’ fraction alloys the re-precipitation of γ’ occurs discontinuously at 

the recrystallization front due to the front becoming supersaturated by the dissolved 

γ’ solute. The severity and depth to which the recrystallized grains penetrate is 

dependent on the imparted strain, the solutioning temperature and hold duration as 

well as the degree of retardation imparted by precipitates [80][81]. 

    

Figure 2.6(a) Surface RX formed on a SX superalloy after solutioning at 1300°C for 1hr [81] (b) Surface RX formed 
on a SX CMSX-2 superalloy after solutioning at 1315°C for 3hrs and ageing at 1050°C for 16hrs and at 850°C for 
48hrs [82] 

At temperatures below the γ’ solvus, recrystallization occurs via a discontinuous 

cellular precipitation process whereas above the γ’ solvus normal recrystallization 

occurs, at a much faster rate [80]. This is because the γ’ precipitates act to ‘pin’ the 

recrystallization front below the γ’ solvus temperature, resulting in a slower migration 

rate [83][84]. Recrystallization is an important phenomenon to discuss as many of the 

factors affecting its formation, and the mechanisms by which it grows, are pertinent to 

RX 

A B 
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the discussions in Chapter 4 in order to explain the formation of the surface melt 

blister defects. 

2.3 High Temperature Oxidation 

High temperature oxidation occurs when a metal is exposed to an oxygen rich 

atmosphere (like air) at elevated temperatures and is usually detrimental to 

components such as turbine blades. Oxidation can cause depletion of key 

strengthening elements, particularly γ’ precipitates through the loss of aluminium to 

the oxide, loss of mechanical properties, and internal void formation. Many Nickel-

based superalloys are designed to form protective alumina or chromia oxide surface 

layers to maximise their resistance to further oxidation and hot corrosion. In order to 

do this a firm understanding of how these oxides form, and how they perform during 

service is essential [8]. High temperature oxidation also affects Nickel-based 

superalloys during their manufacture, particularly during casting and heat-treatment, 

and its consideration therefore forms a backbone of this research project.  

2.3.1 Thermodynamics of Oxidation 

The general equation for the oxidation of a pure metal is given by [86]: 

  

 
           

 

 
           Equation 2.1 

Where M is the oxidised metal and MxOy the oxide product. The driving force for the 

oxidation reaction to occur is defined by the Gibbs free-energy equation, which must 

be negative in order for the reaction to proceed (if it is positive then the reverse 

reaction becomes more favourable). Using the above reaction, the Gibbs free-energy is 

defined as: 
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)             
  Equation 2.2 

Where ΔG is the Gibbs free-energy change for the reaction, ΔG° is the standard free-

energy change, R is the gas constant, T is temperature, a is the thermodynamic activity 

of the species (taken as unity for solid phases at standard conditions) and PO2 is the 

partial pressure of oxygen (taken to be equal to aO2). At equilibrium, the free-energy 

change is zero (since there are equal amounts of oxide being produced as there are 

dissociated), therefore the partial pressure of oxygen in which the oxide and metal are 

in equilibrium can be found from: 

                
 

           
                                              Equation 2.3 

This PO2 must be exceeded for oxidation to occur and therefore this equation has 

become important in describing the likelihood that an oxidation reaction will occur, 

given the temperature and oxygen partial pressure. ΔG° is defined by the relationship: 

                                                       Equation 2.4 

Where ΔH° and ΔS° are the standard changes in enthalpy and entropy respectively. 

This relationship enables the plotting of temperature versus ΔG° for each oxide 

reaction, where the gradient of each line is equal to -ΔS° and the y-axis intercept is 

equal to ΔH°. This type of plot is known as an Ellingham Diagram and when combined 

with Equation 2.4 it allows the determination of the conditions under which an oxide 

reaction will occur [8][85].  

2.3.2 Ellingham Diagram 

The Ellingham diagram is a useful and fast method to determine which oxides may 

form and in what order. This is because the free-energy change is negative for most 
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oxidation reactions, thus the most thermodynamically favourable reactions are located 

at the lower end of the diagram and it is these metal elements that have the greatest 

affinity for oxygen. Caution is needed however, since it is not only thermodynamic 

stability that affects which oxides will form but also growth kinetics (i.e. less stable 

oxides can typically grow faster than the stable ones, resulting in their appearance 

first) [8]. 

 

For each reaction on the Ellingham diagram the oxidation is normalised to occur at 1 

atmosphere of PO2 and to consume 1 mole of oxygen. The majority of reaction lines 

slope upwards because they are reacting a condensed phase (solid or liquid) with a gas 

phase (oxygen) to produce another condensed phase (the oxide), which results in a 

reduction in the reaction entropy. However, a notable exception is the oxidation of 

carbon (C+O2=CO2) which involves the reaction of a solid with a mole of gas (oxygen) 

to produce a mole of gas (CO2), therefore there is little net change in entropy and the 

reaction line stays near-horizontal. Likewise, for the production of carbon monoxide 

(2C+O2=2CO) there is a solid reacting with a mole of gas (oxygen) to produce 2 moles 

of gas (2CO), which results in a net increase in entropy, thus the reaction line slopes 

downwards. The Ellingham diagram has three main uses: 

i. Determine the relative ease of reducing a given metallic oxide to metal; 

ii. Determine the partial pressure of oxygen (PO2) that is in equilibrium with a metal 

oxide at a given temperature (using the nomographic scale on the outside of the 

diagram) and; 

iii. Determine the ratio of carbon monoxide to carbon dioxide (CO/CO2) that will be 

able to reduce the metallic oxide to pure metal at a given temperature. The more 
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stable the oxide that is to be reduced, the greater the amount of CO is needed in 

relation to the amount of CO2. 

 

Figure 2.7 The Ellingham diagram for a variety of oxidation reactions taken from [86] (a solid dot on the reaction 
line indicates where a phase change has occurred and there is usually a corresponding change in the line’s slope) 

The lower down the diagram, the more thermodynamically stable the oxide and the 

harder it is to reduce the oxide back to pure metal. A given metal can reduce the 

oxides of all other metals that lie above it on the Ellingham diagram, so Al, Mg and Ca 

can easily reduce the oxides of Ni, Co and Cu for example. The same is true of carbon 

at high temperatures however; it cannot reduce the oxides of Al or Mg [8][86].  
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2.3.3 Pilling-Bedworth Ratio 

The Pilling-Bedworth ratio (PBR) is the ratio of the volume of the metal oxide produced 

to the volume of the metal consumed and is used as an indicator for whether an oxide 

will be protective (i.e. prevent further oxidation) or not. If the PBR value is << 1, the 

volume of the oxide formed is lower than the amount of metal consumed thus for the 

oxide to conform to the surface of the metal, the oxide will be porous and un-

protective. If the PBR is ~ 1 then the oxide is usually protective. However, if the PBR is 

>> 1 then the oxide volume is greater than the metal consumed and the oxide will 

buckle and spall away due to high compressive stresses, this is therefore an un-

protective oxide too. This is only a general rule however, and there are exceptions. The 

protectiveness of the oxide will also depend on the adherence of the oxide to the 

substrate, the difference in thermal expansion coefficients, the oxides melting point or 

volatility and any chemical effects due to alloying [87].  

Metal Oxide PBR Protectiveness 

Al/Al2O3 1.29 P 

Cr/Cr2O3 2.07 P 

Si/SiO2 2.15 P 

Ca/CaO 0.64 NP 

Ta/Ta2O5 2.47 NP 

Ni/NiO [88] 1.65 NP 
Figure 2.8 PBR values for common oxides and their protectiveness. P=protective, NP=non-protective [8][89] 

2.3.4 Oxide Growth Mechanisms  

The driving force for oxidation is the minimisation of Gibbs free-energy between the 

separate reactants and the final product. However, in order for the reaction to occur, 

the reactants must first come into contact. The first stage of oxidation involves the 

adsorption of oxygen onto the surface of the metal which can occur by chemical 



Chapter 2 

 

56 
 

adsorption (chemisorption) or physical adsorption (physisorption). Chemisorption is 

the chemical bonding of the oxygen molecules to the metal surface whilst 

physisorption involves the physical attraction of oxygen molecules to the metal surface 

by Van der Waals forces [90]. Physisorption occurs without any need to overcome an 

activation energy and is only dependant on the flux of oxygen atoms striking the metal 

surface whist chemisorption is more complex, requiring the activation energy to be 

overcome. The activation energy is the energy required to be input into the system in 

order to overcome the ‘height’ of the potential energy barrier, separating the two 

minima of potential energy for the initial state and the final state of the reaction 

(detailed in Figure 2.10 below). Chemisorption is affected by factors such as 

crystallographic orientation, the number of active sites at the surface, the number of 

defects and the surface preparative history.  

 

Initial islands of oxide are the first to form, followed by growth laterally to form a 

continuous oxide monolayer. Subsequent growth of the oxide is an electro-chemical 

process and is dependent on the transport of anions (negatively charged oxygen ions), 

cations (positively charged metal ions) and electrons, through the oxide layer, to either 

the metal/oxide or oxide/gas interface. Figure 2.9 is a diagrammatic representation of 

this concept and shows that, for cation mobile growth the oxide forms at the oxide/gas 

interface whilst for anion mobile growth the oxide forms at the oxide/metal interface. 

The rate at which this ionic transport occurs will ultimately control the kinetics of oxide 

growth [8][85][90].  
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Figure 2.9 Diagrammatic representation of (a) cation mobile and (b) anion mobile oxide growth [85] 

The transport of ions from the metal, through the oxide layer is a solid-state diffusion 

process which is dependent on the imperfections or defects within the crystal 

structure. Point defects exist when there is either missing or displaced atoms from the 

crystal lattice and the most prominent point defects are ‘Vacancy’, ‘Interstitial’ and 

‘Impurity’ defects. Vacancies are the result of missing metal ions or oxygen anions 

from the lattice whilst Interstitials are a result of displaced ions from the lattice. 

Impurities arise when cations are substituted by a foreign cation. In addition to bulk-

diffusion controlling point defects, crystal lattice defects (e.g. dislocations, grain 

boundaries, stacking faults and anti-phase boundaries) are an important consideration 

to the transport of ions during oxidation since they act as ‘short-circuit’ diffusion paths 

therefore increasing the rate of diffusion/oxidation. 

 

Most oxides are non-stoichiometric, i.e. they contain an excess or deficit of metal or 

oxygen ions, and are therefore classified as semi-conductors [85]. An oxide that 

contains an excess of metal cations is known as an N-type semiconductor and can have 

either excess interstitial metal cations or oxygen anion vacancies, resulting in electrical 

conduction via excess excited electrons. The interstitial metal ions must be small 

enough to fit within the interstitial sites and can diffuse through the lattice by jumping 

from one site to another. Alternatively, oxygen anion vacancies can dominate (in 
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oxides with highly charged cations or of large size [8]), moving from one vacancy to 

another, resulting in a net metal excess. Charge is neutralised in both cases via an 

excess of electrons. Examples of oxides exhibiting N-type semiconductor behaviour are 

ZnO, α-Al2O3, Ta2O5 and SiO2 [8][85][90]. 

 

An oxide that is deficient in metal cations is known as a P-type semiconductor and is a 

result of cation vacancies on the crystal lattice, together with electron holes, resulting 

in electrical conduction. Metal cations diffuse in this case by movement between 

vacancies, which has a corresponding energy penalty which is why diffusion is 

thermally activated. Examples of oxides exhibiting P-type semiconductor behaviour are 

NiO, Cr2O3 and CoO [8][85][90]. 

2.3.5 Oxidation Kinetics 

The thermodynamics of oxidation give an indication as to whether a reaction can occur 

given factors such as temperature, PO2 and thermodynamic activity support the 

minimisation of Gibbs free-energy as per Equation 2.2. However, as discussed 

previously, the formation of an oxide layer is rate-dependant on the ability for ions and 

electrons to diffuse to the reaction interface. In addition to this, the activation energy 

of the transformation from one state to another must be overcome. These 

considerations are not included in the thermodynamics of oxidation and are instead 

determined by the oxidation kinetics.  
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Figure 2.10 Concept of activation energy during oxidation of a Ni-Al alloy [87] 

The example proposed in Figure 2.10 shows the difference between pure 

thermodynamic considerations and by taking reaction kinetics into account. In the top 

row, the initial Ni-Al alloy is exposed to an oxidation environment that favours Al2O3 

growth which is evident by the negative change in Gibbs free-energy between the 

initial (un-oxidised) state and the final (oxidised) state. In the bottom row the kinetics 

of the same oxidation reaction are considered. The absolute change in Gibbs free-

energy is still negative; however there is now a significant ‘hill’ of energy that must be 

overcome in order to progress from the initial state to the final state. The intermediate 

steps that create this ‘hill’ of energy include the dissociation of molecular O2 into 

atomic O2 and its adsorption to the metal surface, motion of the adsorbed O2 to low-

energy sites, the formation of transient oxides (such as NiO in this example), the 

diffusion of Al to the reaction interface and the conversion of the transient oxides to 

the final Al2O3 oxide state. Thermal energy from the surroundings provides the energy 

to overcome this ‘hill’ which is why high-temperature oxidation is usually a faster 

occurring process than low-temperature oxidation, despite the associated climb in 
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Gibbs free-energy to a less negative value (see Ellingham diagram Figure 2.7). An 

expression for the rate of oxidation can therefore be defined as [87]: 

                                                           Equation 2.5 

Where k is the rate constant, k1 is a constant and ΔGActiv is the free-energy of 

activation. Using this equation it is possible to plot the rate constant against 

temperature for multiple oxides, allowing a comparison of their speed of formation 

(Figure 2.11). 

 
Figure 2.11 Rate constants of parabolic oxidation vs. temperature [5] 

The initial stages of oxidation usually obey a linear rate law, however once the oxide 

layer becomes continuous, the subsequent growth rate can either remain linear or, 

more commonly, follow a (sub)parabolic or logarithmic rate law. The transition is due 

to a reducing ionic flux across the oxide layer as it becomes increasingly thick, acting as 

a barrier to ionic transport [85].  
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2.3.6 Oxidation of Alloys 

It is pertinent to discuss the oxidation of alloys since the focus of this research is on 

Nickel-based superalloys which contain ~10 different alloying elements, many of which 

can affect the oxidation properties. The relative concentrations of the individual 

alloying elements within the bulk alloy will have a large impact on the subsequent 

oxide formation since there will be a difference in the reactiveness (based on kinetics 

and thermodynamics) between each element. The simplest way to consider this is to 

look at a binary system with one element, A, the major alloying component and B, the 

minor alloying component. It follows that two scenarios can arise, (1) that A is less 

reactive than B and (2) that A and B are reactive but BO is more stable than AO. 

 
Figure 2.12 Binary alloy oxidation with component B more reactive than A [5][87] 

For the first scenario (Figure 2.12), the PO2 is too low for A to form an oxide, but B can 

form BO. If the concentration of B within the alloy is high enough then a continuous 

layer of BO is the result. Conversely, if the concentration of B is low, then internal 

oxidation will form particles of BO within the alloy, enriching A at the surface and not 

forming a continuous oxide layer. Clearly this would not result in a protective oxide 

layer. 
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Figure 2.13 Binary alloy oxidation with A and B forming stable oxides. BO is more stable than AO [5][87] 

In the second scenario (Figure 2.13), the PO2 is sufficient that both A and B are reactive 

to form oxides, but BO is more stable than AO. In this case, if the alloy has a low 

concentration of B then an outer layer of AO oxide forms below which the PO2 is 

sufficiently reduced (by the oxide above) that only BO is stable and therefore discrete 

particles of BO form within the A enriched alloy. Alternatively, if the concentration of B 

is high enough, then the outer oxide layer will be BO, preventing any further formation 

of AO. There will however usually be some AO formed, due to initial growth kinetics, 

before the BO oxide becomes continuous and this is known as ‘transient’ oxidation [5].  

 

This final scenario (Figure 2.13(b)) is the desired state for alloys whose oxidation 

resistance depends on the growth of a stable, protective oxide such as Nickel-based 

superalloys. In the case of superalloys, the component A is usually representative of Ni 

or Co whilst component B is representative of Al, Cr or Ti. In order for Ni-Al based 

alloys to form an outer oxide layer of protective Al2O3, with a sufficient reservoir of Al 

to replenish the depleted near-surface zone, it is necessary to have >17 wt.% Al. 

Between 6 – 17 wt.% Al, there will be insufficient Al to replenish the depleted zone and 

NiO will then form at the oxide/metal interface (solid-state reactions between NiO and 

Al2O3 will also produce NiAl2O4 spinels). If the Al concentration is <6 wt.% then an 

outer NiO layer will dominate, with internal oxidation of Al producing Al2O3 and 
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NiAl2O4 spinels (as in Figure 2.13(a)). Finally, addition of at least 5 wt.% Cr to the Ni-Al 

alloy reduces the concentration of Al needed to produce an outer Al2O3 layer from 17 

wt.% to as low as 5 wt.% by acting as an oxygen ‘getter’ to form an initial Cr2O3 sub-

oxide layer, which subsequently transforms to Al2O3 via Al substitution of Cr atoms 

[5][87]. 

2.3.7 Oxide Volatilisation 

In order to assess the long-term oxide protectiveness it is necessary to understand the 

volatility of the oxides employed which requires knowledge of the oxides vapour 

pressure (the pressure of the vapour that is in equilibrium with the solid/liquid).  It is 

well known that Cr2O3 forming alloys are susceptible to degradation at temperatures 

exceeding 1000°C due to vaporisation of the oxide and are therefore usually limited to 

operating temperatures below this value [5][85]. The vaporisation of Cr2O3 usually 

proceeds as follows (although reactions involving Cr(g), CrO and CrO2 are also possible 

[91]): 

          
 

 
                                          Equation 2.6 

This reaction results in thinning of the oxide layer which increases the rate of diffusion 

of metal ions to the surface; directly affecting the oxidation kinetics of the alloy. 

Initially the effect of vaporisation is minimal, since diffusion of metal ions to the 

surface to rapid enough to replenish the lost oxide. As the oxide layer thickens 

however, the transport rate of vaporisation becomes comparable and then equal to 

the rate of ion diffusion, creating a limiting factor for oxide thickness. This would imply 

that the oxide layer would become protective, however Tedmon [92] showed that as 

the scale thickness reaches steady-state, the rate of metal consumption to retain that 
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thickness increases [85]. This places a limit on the usability of Cr2O3 as a high-

temperature protective oxide and is why Al2O3 is instead the oxide of choice at the 

moment for high-temperature Nickel-based superalloys. 

 

Other elemental additions to the Nickel-based superalloys are of significance to oxide 

volatility, for example Re, Ru, Mo and W all form potentially volatile oxides 

[93][94][95][96], and even though they are not employed as protective oxides formers, 

their formation and volatility during transient oxidation conditions can have 

detrimental effects on the subsequent formation of protective oxides such as Al2O3. 

Unlike the vaporisation of Cr2O3, the oxides of Mo and W are known to experience 

complete vaporisation, resulting in significantly higher rates of oxidation. In order to 

graphically represent the vapour pressure data for metal oxides, Gulbransen and 

Jansson [97] developed the approach of using the graph of logPMxOy vs. logPO2, at 

constant temperature, to show to the influence of PO2 on the equilibrium pressures of 

the volatile oxide species. Likewise, the same data can be displayed for constant PO2 at 

varying temperature. The vapour pressure diagram for Cr at 1250°K is shown in Figure 

2.14 and it is seen that only one solid oxide forms, Cr2O3, during high temperature 

oxidation (for a full list of thermochemical data the reader is directed to [85][96]). The 

vapour pressures are calculated for each species in equilibrium with either Cr(s) or 

Cr2O3(s), depending on the calculated equilibrium PO2 boundary (vertical line) between 

Cr(s) and C2O3(s). From the graphical representation it is clear that, at low PO2, the 

vapour pressure of Cr(g) is significant and independent of PO2 which corresponds to 

potential conditions at the metal/oxide interface. Conversely at high PO2, the vapour 
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pressure of CrO3(g) is high resulting in the loss of Cr2O3 oxide at the oxide/gas interface 

via vaporisation. 

 
Figure 2.14 Cr-O system of volatile species at 1250°K [96] 

In summary, surface defect formation has become one of the most important factors 

during casting and heat-treatment of Nickel-based superalloys and, whilst progress has 

been made in recent years, a systematic study of the mechanisms of defect formation 

is needed in order to provide further understanding and propose methods of 

prevention. Working in collaboration with the Precision Casting Facility (PCF) at Rolls-

Royce plc., this research project has been carried out to provide answers to the root-

causes of the casting defect Surface Scale and the heat-treatment defect Surface 

Melting. This work is presented in the following Chapters.  
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Chapter 3. Mechanism of Surface Scale Formation  

3.1 Introduction 

Superalloy chemistry has evolved over the last four decades, primarily characterised by 

the increasing addition of refractory metals such as Ta, W and Re in order to improve 

solid solution hardening and to enhance microstructural stability at elevated 

temperatures [4][52][98][99]. Simultaneously, innovations in materials processing 

routes have resulted in the casting of single crystal (SX) turbine blades, where the 

primary orientation of the single crystal is aligned along the turbine blade or stress axis 

[19][100][101]. However, these advances in alloy chemistry and solidification have 

made the control of the crystal orientation and the prevention of defect formation 

during casting in modern turbine components increasingly challenging. In this Chapter 

a detailed investigation into one such casting defect, known as ‘surface scale’, is 

discussed. Figure 3.1 shows two representative scaled SX turbine blades cast at the 

Precision Casting Facility (PCF) at Rolls-Royce plc. Derby. 

 

The aim is to report on the structure and chemistry of the Surface Scale formed on the 

commonly used 2nd generation SX Nickel-based superalloy, CMSX-4 as well the 3rd 

generation alloy, CMSX-10N; with the aim of producing a complete understanding of 

the mechanism driving Surface Scale formation. Finally, suggestions for reducing, or 

eliminating, scale formation will be proposed. 
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Figure 3.1 Scaled SX turbine blades a) LP SRR99 alloy turbine blade [7] and b) IP RR3000 alloy turbine blade [67]  

3.2 Experimental Methods 

Two commonly used Ni-based superalloys were used in this study, the 2nd generation 

alloy CMSX-4 and the 3rd generation CMSX-10N. The main difference between them is 

the increased addition of Re at the expense of Ti, Co and Cr in CMSX-10N. Nominal 

compositions (wt.%) are given in Table 3.1. 

Alloy Al Co Cr Ti Mo Ta W Re Ni 

CMSX-4 5.8 9.5 6.5 1.1 0.6 6.5 6.5 3 Bal 

CMSX-10N 5.9 3.1 1.6 0.1 0.45 8.5 5.5 6.8 Bal 

Table 3.1 Nominal composition (wt.%) of alloying elements in the Ni-base superalloys CMSX-4 and CMSX-10N 

3.2.1 Investment Casting 

Turbine blades were cast using the lost-wax (investment casting) process at the 

Precision Casting Facility, Rolls-Royce plc, Derby, UK. The furnace heater temperature 

used for casting the turbine blades was nominally 1500˚C and a withdrawal rate of 

around 5 x 10-5 m.s-1 was used. As per standard operation, a reasonably flat thermal 

gradient of ~5 K.mm-1 was ensured at the solid/liquid interface. The ceramic mould 
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slurry consists of a binder and a refractory material with additions of wetting and 

antifoaming agents to improve the slurry properties. Details of the slurry constituents 

are indicated in Table 3.2. 

Mould Slurry  
Binder 

Mould Slurry  
Refractory 

Mould Stucco 

Colloidal Silica 
200 mesh (75µm)  
Zirconium Silicate 

Alumina 

Table 3.2 Mould slurry constituent materials 

3.2.2 Optical Microscopy (OM) and Scanning Electron Microscopy 

(SEM) 

A FEI Sirion Field-Emission Gun SEM (FEGSEM) was used throughout this research 

project, coupled with a PGT Spirit Energy-Dispersive X-ray Spectroscopy (EDX) system, 

at the University of Leicester. The FEGSEM is a type of electron microscope that 

produces a high-magnification, high-quality image by scanning the surface of the 

sample with a focused beam of electrons, exciting the atoms within the sample and 

producing various different emitted electrons and X-rays that can be detected to form 

an image and/or analyse the surface chemistry. The FEGSEM differs from the standard 

SEM in the design of the electron gun that produces the beam of electrons. In an SEM 

the electron gun is a thermionic emitter which uses electrical current to heat an 

element, typically Tungsten or Lanthanum Hexaboride (LaB6), causing the release of 

electrons. Compared to a FEGSEM, this produces a wider beam of relatively low 

brightness. In a FEGSEM, electrons are produced using a cold-cathode Field-emission 

source which is not heated but instead held at a large electrical potential relative to an 

anode. The cathode is usually made of a single-crystal of tungsten, sharpened to a fine 

point with a tip radius of ~100nm in order to concentrate the electric field to the 

magnitude needed to release electrons. The principle benefit of the cold-cathode 
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Field-emission source is that it gives a very fine beam, so can achieve higher resolution 

imaging than the SEM [102].  

 

Back-scattered electron imaging (BSI) and Secondary electron imaging (SEI) were 

performed at a working distance (WD) of 5mm, spot size 5 and an accelerating voltage 

of 15-20 kV. EDX spectra were collected with an accelerating voltage varied between 

10-15kV, depending on the flux of emitted X-rays and the dead-time of the detector. 

 

Turbine blade surfaces were initially analysed with an Olympus BX-51 optical 

microscope at various magnifications to select appropriate areas for further analysis. 

Transverse sections were subsequently cut in the regions of interest using either a 

diamond tipped rotary bench saw or by wire erosion EDM. Samples were mounted in 

conducting Bakelite resin and progressively polished with grit/SiC papers, followed by a 

final 1/4 m diamond polish for metallographic examination. Where necessary, 

samples were chemically etched with a Nimonic etchant of 50ml HNO3, 200ml HCl, 

12.5g CuCl2 and 12.5g FeCl2 made up to 500ml with distilled water. 

3.2.3 X-Ray Photoelectron Spectroscopy (XPS) 

XPS is an analytical technique that allows the user to identify a materials composition, 

chemical and electrical state and empirical formula (empirical formula is the simplest 

whole number ratio of atoms). It does this using photo-ionisation and analysis of the 

kinetic energy distribution of emitted photoelectrons from the top 1-10nm of the 

material surface [103]. XPS was used as a complimentary technique to Auger-electron 

spectroscopy (AES) since it is able to analyse a larger surface-area than AES (mm2 
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versus ~100µm2) negating the effects of local compositional inhomogeneities. Due to 

the near-surface nature of the analysis technique, it was also utilized to study the 

formation of oxide reaction layers on the surface of mould pieces retrieved from the 

unscaled portion of the as-cast turbine blade (see Section 4.5.3). 

 

In an XPS machine, X-rays are accelerated towards the sample surface in an ultra-high 

vacuum, with an energy hν, and when they hit the sample surface photoelectrons are 

ejected from the inner shell orbital of the atoms. The kinetic energy, Ek, of each 

ejected photoelectron is related to the energy of the incident X-ray and the binding 

energy, Eb, of the electron by: 

                           Equation 3.1 

Where, ØSP is a work function of the spectrometer.  

Every element has a characteristic binding energy that allows it to be identified from 

the kinetic energy of the ejected photoelectron. XPS provides a quantitative analysis of 

the surface composition by counting the number of photoelectrons at different 

energies and plotting an energy peak spectrum [103]. In addition, Auger electrons are 

also produced by sample interactions with the incident X-ray and can aid in the 

identification of elements and compounds. They are produced in the same way as is 

described in Section 3.2.4 however, instead of an incident electron being responsible 

for the initial electron ejection, it is an X-ray. 

 

XPS data was acquired using the Scienta ESCA300 instrument at the National Centre 

for Electron Spectroscopy and Surface Analysis (NCESS), Daresbury Laboratory UK. This 

uses mono-chromated Al Kα (1486.7 eV) radiation, a slit width of 0.8mm and a take-off 



Chapter 3 

 

71 
 

angle of 90°.  Samples were subjected to Ar ion etching by filling the sample 

preparation chamber of the Scienta instrument with Ar gas to a pressure of 

approximately 2x10-6 Torr.  The sample was then exposed to the Ar ion beam for a 

time period of typically several minutes using an accelerator voltage of 5 kV resulting 

in a beam current of ca.200 mA. 

3.2.4 Auger Electron Spectroscopy (AES)  

AES is a popular technique for obtaining chemical analyses of solid surfaces, its main 

advantages are a high sensitivity in the near-surface range (~2-5nm [104]), fast data 

acquisition rate, fine spatial resolution (due to a small electron beam size) and an 

ability to detect all elements above helium (although some elements, like Ta and W, 

are hard to distinguish due to similar energy signatures) [105]. The Jeol Jamp-7100 AES 

at the University of Loughborough was used to analyse the surface scale oxide 

composition by performing depth-sensitive scans in both scaled and unscaled regions. 

This technique is advantageous as the loosely adhered scale oxides require no prior 

polishing or preparation, ensuring they are not damaged or spall away. Since the scale 

oxides are typically ~0.5µm in thickness, the depth sensitivity of AES also allows the 

accurate distinction of the individual oxide layers. 

 

AES uses an incident electron beam, of sufficient energy, to excite an atom, displacing 

a core electron and leaving a vacancy in the 1s (k) energy level. This vacancy is filled by 

an electron from the 2s level releasing ‘spare’ energy (E1s – E2s) to an electron in the 

2p level. This process ejects the 2p electron as an Auger Electron (Figure 3.2(b)) with 

energy, E, defined as:        
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                                                         Equation 3.2 

The energy of the Auger electron is therefore characteristic of the atom that emitted 

it, and not of the incident electron beam, allowing the identification of the parent 

atom [103]. Only Auger electrons from the very near-surface are emitted from the 

sample without energy loss, contributing to the Auger peaks for each element 

detected. However, some Auger electrons that have escaped the surface but have lost 

energy will also contribute to the signal in the form of background noise, particularly at 

the lower kinetic energies.  

  
Figure 3.2 Auger Electron Emission (a) Incident electron beam displays a core electron (b) electron from the 2s 

level drops to fill the vacancy, releasing ‘spare’ energy to the Auger electron in the 2p level, which is ejected [106] 

Depth-sensitive compositional scans are made possible by the coupling of an ion 

sputtering source, which bombards the sample surface with Ar (or other inert gases) 

ions to destructively remove material from the sample surface. The Ar ions are 

accelerated in an ion gun to ~3keV, as they strike the sample energy is transferred and 

atoms from the sample are sputtered away. After each sputtering, the remaining 

surface is analysed by AES, before additional ion sputtering is conducted and so on.  

 

AES depth profiles were obtained from regions on the turbine blade samples selected 

using SEI. The AES operates at ~2x10-9 Torr with a primary electron beam energy of 10 

keV focussed into a spot approximately 10 m in diameter with a current of ~0.5x10-7 

A B 
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nA. Depth profiles were performed by sputtering with Ar+ ions with an energy of 3 keV 

and current density of 50 A cm-2. This resulted in a theoretical etch rate of 10nm 

min-1. Quantitative analysis was performed using experimentally derived relative 

sensitivity factors based on NiO and Al2O3 reference samples, with an estimated error 

of ± 15% of the calculated value. 

3.2.5 Preparation of Transmission Electron Microscopy (TEM) Foils 

Using Focused Ion-Beam (FIB) Extraction 

TEM is another analytical technique based on the utilization of an electron beam to 

probe the specimen’s atomic structure and composition. In a TEM the beam of 

electrons is accelerated and focused by a series of high-voltage apertures and 

electrostatic lenses, to a point on a very thin sample (a few 100nm’s or thinner). The 

electrons are transmitted through the sample and in doing so reveal crystallographic 

and compositional information. By focussing the electron beam to a fine point and 

rastering it across the sample surface, Scanning Transmission Electron Microscopy 

(STEM) can be conducted. This is similar to the principles of SEM, and can be used to 

collect the secondary and back-scattered electrons as well as EDX; however the 

transmission of electrons through the sample makes available the collection of 

complementary images from bright-field (BF) and dark-field (DF) detectors. The BF 

detector is positioned directly in the beam path, under the sample and image-forming 

lenses, which results in images where holes appear bright and gives phase related 

contrast. The DF detector on the other hand is positioned annularly, out of the beam 

path, resulting in images where holes appear dark and contrast is related to the atomic 

number of the interacted atom [107][108].  
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The Tecnai F20 FEG TEM at the University of Birmingham was used in STEM mode with 

the High-Angle Annular Dark Field (HAADF) detector at 200kV to analyse the surface 

scale oxide’s cross-section in finer detail. This detector gives the best Z-based contrast, 

making the distinction between different phases and oxides much clearer. The imaging 

resolution of this TEM system is 0.12nm (line) and 0.24nm (point). This TEM system is 

also coupled with an Oxford Instruments Xmax 80 EDS detector, allowing the creation 

of elemental maps. 

 

TEM samples were prepared via Focused Ion-Beam (FIB) extraction using the FEI Nova 

600 Nanolab FIB at the University of Loughborough as follows: 

(i) The area of interest was selected using the secondary-electron detector. A Pt strip 

is deposited on this area to protect the surface oxides from damage/spallation 

during the extraction process (red oblong in Figure 3.3). 

(ii) Vertical trenches are milled either side of the Pt strip, using the Ga+ beam, into the 

sample. The sample is then rotated by 45° to allow the ion beam to mill beneath 

the sample resulting in a ‘U’ shaped under-cut (Figure 3.4(a)). 

(iii) A micro-probe is moved into position and affixed to the top of the Pt strip, using 

extra Pt deposits. The final cut is made and the sample is lifted out and positioned 

on the copper TEM sample grid (Figure 3.4(b-c)). 

(iv) The sample is ‘glued’ to the copper TEM grid using more Pt. Finally, the sample is 

thinned to ~200nm with the ion beam for TEM transparency (Figure 3.4(d)).  
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Figure 3.3 FIB SEI of the scaled region selected for TEM foil extraction. The Pt deposited strip is outlined in red 

 
Figure 3.4 TEM sample foil extraction (a) Ion beam mills trenches either side of Pt strip (b) Sample is rotated and 

ion beam mills beneath sample. A micro-probe is moved into position and affixed to the sample (c) Sample is 
released from substrate and moved to TEM grid (d) Ion beam is finally used to thin the sample TEM transparency.  

3.3 Results  

3.3.1 Appearance of the Scaled and Unscaled As-Cast Surfaces 

The occurrence of surface scale on the aerofoil of two typical turbine blades is shown 

in Figure 3.5. The turbine blade in Figure 3.5(a) was directionally solidified using the 2nd 
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generation Ni-base superalloy, CMSX-4, whilst that in Figure 3.5(b) was cast using the 

3rd generation alloy, CMSX-10N.  

 
Figure 3.5 (a) Scaled surface of a turbine blade solidified from CMSX-4 and (b) CMSX-10N 

From Figure 3.5 the following conclusions can be made:  

 CMSX-4 – The scale is coloured in a hue from blue to gold and occurs over a 

large portion of the aerofoil length on the upper, convex portion of the 

aerofoil. It has a “tongue-shaped” appearance, originating from a point and 

then fanning out. 

 CMSX-10N - The scale is, in this case, pale green in appearance and its spatial 

location and shape is similar to that of CMSX-4. 

 

To characterise the morphology of the surfaces associated with scaled and the 

unscaled regions secondary electron imaging (SEI) was performed on the 

corresponding surfaces. The SEI images are presented in Figure 3.6, these sections 

were taken from a blade cast using the alloy CMSX-10N and similar observations were 

made for CMSX-4. From both figures it can be seen that there is a marked presence of 

adhered particles sitting on the surface of the unscaled aerofoil which appear as bright 

patches in the SEI (Figure 3.6 Insert A), indicating that these are insulative, or loosely 
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adhered, material prone to electron charging in the SEM due to poor conductance with 

the alloy substrate. These bright particles vary in size and shape and are not found in 

the scaled region and, further to this, the transition from the scaled to the unscaled 

regions is abrupt in nature. 

 

Figure 3.6 SEI of the scaled/unscaled interface region. Insert A shows the magnified unscaled region and Insert B 
shows the magnified scaled region. Red cross indicates spectra location for Figure 3.7(c) 

3.3.2 Chemical Analysis of the Scaled and Unscaled Surfaces 

3.3.2.1 EDX surface analysis 

Figure 3.7 shows the EDX spectra obtained for the unscaled and scaled regions shown 

in Figure 3.6. Of note are the large Zr and Si peaks in the unscaled region which are 

missing in the scaled, as well as the large Ni peak that is present only in the scaled 

region. In both spectra there is an appreciable oxygen peak which suggests the surface 

is covered in an oxide layer. This data initially supports the hypothesis that the 

unscaled region is covered with remaining mould material (since Zr and Si are not 

present within the alloy but are found as the main constituents of the mould ceramic) 

and that the scaled region is most likely covered by a nickel oxide.  
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The elemental composition of a typical particle retained on the unscaled surface was 

determined using EDX by looking at the cross-section of an unscaled blade. The back-

scattered image is shown in Figure 3.8(a), with the corresponding EDX maps also 

shown. From this it is clear that the particles are refractory (ceramic) in nature and 

enriched in Zr, Si and O, the main constituents of the ceramic mould (and not found in 

the metal alloy). There is also a thin Al oxide layer sandwiched between the mould 

particles and the metal substrate that is continuous along the surface periphery and of 

a thickness of ~2µm.  

 

Figure 3.7 EDX spectra for (a) the unscaled region (b) the scaled region and (c) the unscaled particles in Figure 3.6 
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Figure 3.8 (a) SEM of unscaled surface and (b-f) corresponding EDX maps of Al, Ni, O, Si and Zr 

The adhered mould patches and sandwiched alumina layer were also observed by 

Brewster for the Ni-based superalloy SRR99 [7] which shows that this is not an alloy 

specific occurrence but rather, a characteristic of turbine blade casting.  

 

The EDX analysis performed here was isolated to small areas of the scaled and 

unscaled regions and is unable to give accurate quantitative compositions due to the 

peak overlap of key alloying elements, especially W and Ta. In order to sample a larger 

surface area, and to give accurate compositional measurements, X-ray photoelectron 

spectroscopy (XPS) was subsequently used to look at the scaled and unscaled surfaces.  

3.3.2.2 XPS surface analysis 

XPS surface analysis data was acquired for the Ni (2p), Al (2p), Zr (3d), Re (4f), W (4f) 

and Ta (4f) spectral regions for samples cut from the as-cast scaled and unscaled areas. 
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The use of XPS gives compositional data from a large surface area (mm2) but small 

depth (nm2) resulting in data that is not point-specific. One would expect to see strong 

peaks for Ni (2p), since this element comprises the bulk of the alloy; however Figure 

3.9 shows that in the unscaled region (black) this was not the case. Similarly the rare 

earth components W, Ta and Re also showed very weak and poorly defined spectral 

features in the unscaled region despite their significant presence within the bulk alloy.  

In addition to this, strong signals were observed in both the Zr (3d) and Al (2p) 

spectrums for the unscaled area.  

 

Following these measurements the unscaled region was subjected to Ar+ ion plasma 

etching (Blue lines on Figure 3.9) for a period of 90 minutes and then returned to the 

analysis chamber for repeat measurements. These measurements showed both a 

marked increase in the intensity of Ni and rare earth elements with a decrease in the 

intensity of Zr. Quantification of these spectra showed Ni:Al:Zr ratios of 1:84:149 in the 

unscaled region before Ar+ ion etching compared to the equivalent ratios of 1:24:83 

afterwards. 

 

In contrast, XPS data from the surface of the scaled sample showed intense and well 

defined spectra for nickel and the rare earth elements whilst there was no evidence of 

any zirconium (Figure 3.9(c)).  Interestingly there is an additional signal (at a binding 

energy of ~27 eV) in the rare earth spectra for the scaled sample that is absent in the 

unscaled etched spectrum, (Figure 3.9(d)).  This is most likely an oxide species of Ta, 

for example Ta2O5 which has a binding energy at 26 eV [109][110]. Due to the low 

penetrating depth of XPS the next step was to use Auger electron spectroscopy (AES) 
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to perform depth-sensitive compositional analysis, coupled with calibration standards 

to allow accurate depth quantification.  

 
Figure 3.9 High-resolution XPS compositional analysis of scaled and unscaled surfaces as-cast surfaces. (a) Ni(2p) 

spectrum (b) Al(2p) and Ni(3p) spectra, (c) Zr(3d) spectra (d) Re, W, Ta(4f) spectra.  

3.3.2.3 XPS surface analysis of the mould face-coat 

It was also decided to use the XPS facility to analyse the mould face-coat 

corresponding to the scaled region. This was in order to locate any mould-metal 

reaction products that should have formed during the initial stages of casting, between 

the liquid alloy and the mould. It is expected therefore that this analysis should find 

the resultant Al2O3 layer sitting on the surface of the mould face-coat. In order to 

discount localised anomalies XPS spectra were taken in two areas of the mould 

adjacent to the scaled region; these are shown in Figure 3.10 as area A (near the 

centre of the mould) and area B (near the edge) 
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. 
Figure 3.10 Optical photograph of detached mould prime-coat surface showing scaled-facing surface (smooth) on 

the left and the unscaled-facing side (rough) on the right. XPS spectra locations A and B are also shown 

Figure 3.11 shows the XPS data for the Al (2p) and O (1s) spectral regions respectively 

for area A. The integrated analytical data from both areas A and B are summarised in 

Table 3.3. The XPS spectra shows the distinct presence of Al and O on the mould 

prime-coat, although the presence of oxygen is to be expected from the SiO2 binder 

and Zircon filler in the face-coat, the corresponding presence of a strong signal in the 

Al (2p) region is strong evidence for the existence of Al2O3 on the mould face-coat 

surface.   

 

Figure 3.11 XPS spectrum collected from the mould wall adjacent to the scaled region (a) Al (2p) and (b) O (1s)  

Looking at Table 3.3, both areas A and B show evidence of an Al2O3 layer, however in 

area A there clearly exists some sampling of the exposed face-coat (colloidal SiO2 and 

some ZrSiO4) in addition to the Al2O3 surface layer. In area B there is a distinct lack of Si 

A B 
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and Zr, despite these being the main constituents of the mould, which, coupled with 

the strong Al and O peaks, shows that the XPS beam was sampling only the Al2O3 

surface layer adhered to the mould face-coat and not the mould constituents below. It 

can be discounted that the Al signal in these XPS results is a result of the Al2O3 stucco 

particles in the primary + 1 and Back-up coats of the mould, since they are located at 

least 100 m from the mould surface and are therefore beyond the penetration depth 

of the XPS beam. 

Analysis 

area 
Al Si Zr C N Ca O Na Hf 

A 6.5 10.1 1.5 43.5 1.7 2.6 33.1 1.0 0.0 

B 18.5 0.0 0.8 39.7 2.0 0.0 37.5 1.2 0.3 

Table 3.3 Composition (at.%) of the mould face-coat (adjacent to the scaled region of the blade surface) for the 
two analysis areas, A and B, determined by integration of the XPS spectral data 

3.3.3 Surface Analysis using Auger Electron Spectroscopy 

The XPS data collected in Section 4.5.3 for the scaled and unscaled regions is sampled 

over a large surface area of ~10mm2. Complementary localised AES depth profiles 

were also carried out at representative locations within the scaled and unscaled 

regions in order to acquire depth-sensitive composition profiles. These are presented 

in Figure 3.12. In the case of the unscaled region the depth scans were chosen 

between the adhered ceramic particles so that they were not included in the analysis.  

 

In the scaled region the strongest metallic peaks proceeding inwards from the surface 

were Ni, Co and Al in that order. There is a strong O peak of ~50 at.% indicating that 

the scale is an oxide and the typical thickness beyond which the O reduces and Ni from 

the substrate begins to dominate is ~800 nm. In the unscaled region, the most 

prominent peaks were Al (30 at.%) and O (60 at.%), which indicate the presence of 
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Al2O3 (52wt.% O, 48wt.% Al), which was also observed in Figure 3.8. The thickness of 

the Al2O3 layer is thicker than the oxide in the scaled region but greater than the AES 

sample depth. The carbon peak in both samples is likely due to contamination from the 

casting furnace carbon heating elements, as well as oil from the SEM vacuum pump.  

 

 
Figure 3.12 AES depth profiles of the as-cast CMSX-10N turbine blade in (a) scaled and (b) unscaled regions 

The AES data from the scaled region (Figure 3.12(a)) suggests that the scale oxide may 

in fact be multi-layered, and not a single thin oxide film as initially thought. This is 

evident from the corresponding dip in the Ni concentration and rise in the Al at 
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600nm. To investigate this further the next step was to take a TEM sample foil from 

the scaled region and conduct EDX mapping of the oxide layers.  

3.3.4 TEM/EDX Analysis of the Surface Scale Oxides 

FIB/TEM gives one the ability to select a specific area of interest and then remove a 

TEM sample, whilst protecting any surface oxides which are normally characterised by 

low adherence to the substrate. Once extracted, the samples can then be visually 

investigated in the TEM and, coupled with EDX, compositional mapping can be 

performed. Figure 3.13 shows the location of the TEM foil extraction and the TEM 

image from the scaled region. 

  
Figure 3.13(a) FIB micrograph of TEM extraction area and (b) TEM image of scale oxide cross-section 

The complete scale oxide has a total thickness of between 0.5 - 1µm and consists of an 

outer Ni, Co rich oxide (Figure 3.14(b-c)). The outer oxide layer has a coarse-grained, 

blocky microstructure that is typical of a (Ni,Co)O solid-solution [85][111] and is 

~0.5µm thick. Below the NiO layer is a finer grained and porous mixed oxide of 

predominantly Al and Cr with traces of Ta/W and Ti (Figure 3.15(b-d)). The TEM image 

shows the presence of crack between the oxide and the substrate below. This is likely 
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formed due to the low adherence of the oxide to the substrate, combined with the 

relief of internal stresses, within the oxide, during FIB extraction. 

 
Figure 3.14 EDX maps of oxide layers a) Al Kα b) Ni Kα c) Co Kα d) Cr Kα e) O Kα f) EDX locations in Figure 3.15 

 
Figure 3.15 EDX spectra from the scale oxide (a) (Ni,Co)O outer scale oxide, (b-d) Mixed oxide subscale rich in Cr, 

Al, Ti, W and Ta. NB: Cu is detected as contamination from the TEM grid 
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Between these two layers there is evidence of small pores, seen in black in Figure 3.13, 

between the upper and lower oxide layers. However, there was no evidence of a 

continuous Al2O3 layer at the oxide/alloy interface or of any γ’ denuded layer in the 

substrate, which is typically seen after isothermal/cyclic oxidation studies on these 

alloys [94][112][113]. The separation of Ta and W compositional measurements is not 

possible using this technique because of their Lα and M peak overlaps, as well as the 

added overlap with Ni Kβ at 8.2keV, so for this reason they are grouped together. 

 

TEM analysis is, by its very nature, representative of only a very small sample of the 

bulk material due to its high magnification. However, these results obtained by TEM 

are complimentary to the other microstructural and chemical analyses in this Chapter 

(i.e. XPS, AES and SEM) and support their findings; therefore it can be stated with 

confidence that these results are representative of the bulk surface. 

 

Further to this TEM investigation of the scale oxides found on CMSX-4 it was decided 

to repeat the analysis on the alloy CMSX-10N to check that the oxides formed were 

universal across alloy types.  Figure 3.16 is a TEM micrograph of the extracted scaled 

cross-section and shows a series of oxide layers sitting above the alloy substrate, 

similar to those found on CMSX-4. This sample highlighted the complexity of extracting 

a TEM sample as there is evidence of porosity between the platinum deposited layers, 

as well as fragmentation of some of the oxide (seen as ‘needle-like’ fragments 

between the NiO layer and the Pt deposits and as a thick, porous layer above the 

substrate).  
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Figure 3.16 TEM micrograph of the scaled region of alloy CMSX-10N with EDX spectra locations for Figure 3.18 

The whole oxide layer has a thickness of ~0.5 µm and, like CMSX-4, consists of an outer 

Ni, Co rich oxide which is ~150-200 nm thick. The NiO layer is roughly half the thickness 

of the same layer found on alloy CMSX-4 but has a similar morphology. Below the NiO 

layer is the porous mixed oxide rich in Al and Cr, as well as Ta and W, which was also 

seen on CMSX-4. This layer is most visible in the Al and Cr EDX maps in Figure 3.17(a) 

and (d) but also evident in the EDX spectra in Figure 3.18(b) and (c). 
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Figure 3.17 EDX maps of oxide layers a) Al Kα b) Ni Kα c) Co Kα d) Cr Kα e) O Kα f) Pt Lα 

 
Figure 3.18 EDX spectra from the scaled region locations in Figure 3.16 (a) NiO layer (b) Al2O3 particle (c) Al, Cr 

oxide layer (d) porous subscale layer 
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3.4 Discussion 

3.4.1 Mould-Metal Reaction during Casting 

Since the metal turbine blades are cast at a temperature around 1500C from the 

liquid state and in contact with a ceramic mould, it is pertinent to consider the role of 

possible mould-metal reactions. The ceramic mould is comprised of a layered 

structure, whose respective morphologies and microstructures can be seen in Figure 

3.19 (below), which is a back-scattered electron image of a cross-section of a typical 

mould wall. Three distinct layers can be identified which refer to the prime-coat (the 

layer in contact with the casting), prime+1 coat and the back-up coats. The prime-coat 

has a typical thickness of 100-800m and is comprised of 18wt.% colloidal silica (SiO2) 

and 82wt.% of the refractory filler, ZrSiO4 (Zircon). There are no alumina stucco 

particles within the prime-coat; instead the fine-grained fused alumina stucco is 

located within the prime+1 coat and the backup coats. Any mould-metal reaction 

would therefore occur between the liquid alloy and the SiO2/ZrSiO4 within the mould 

prime-coat. 
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Figure 3.19 BSE image of the ceramic mould layered structure. The Primary coat is in intimate contact with the 
metal casting, whilst the Back-up coats impart strength to the mould. Porosity is between 15-20%. [Image 

courtesy of Dr Neil D’Souza, Rolls-Royce plc.] 

The reduction of SiO2 by Al to form Al2O3 is made possible due to alumina’s greater 

thermodynamic stability (appearing lower on the Ellingham diagram than SiO2) and is 

well-documented [114][115][116][117]. Using thermodynamics, one can calculate the 

necessary partial pressure of oxygen, or pO2, and the temperature range over which 

the reaction can occur. In order to do so however, the activity (i.e. the effective 

concentration of a species within a mixture) is needed. By assuming that a component, 

i, within a solution behaves ideally, then the activity of i can be expressed as: 

ai = Xi 

Where ai is the activity of component i and Xi is its mole fraction within the solution. 

This is an expression of Raoult’s law which is graphically represented in Figure 3.20 for 

the example of the component Cr within the Fe-Cr system. As the concentration of Cr 

(XCr) increases, the activity of Cr increases proportionally, with the corresponding 

activity of iron (aFe) reducing linearly, in order to maintain the overall activity (a=1). 



Chapter 3 

 

92 
 

 
Figure 3.20 Graphical representation of Raoult’s law for ideal solutions [86] 

Since the SiO2 in the mould prime-coat is solid, and distinct from the ZrSiO4, it can be 

assumed to be pure with activity = 1. However, Al is dissolved in the liquid alloy and 

the Si produced as a product of the reaction also dissolves in the liquid alloy, therefore 

their activities will be less than one (a<1). The reduction of SiO2 by Al can thus be 

represented by their two constituent reactions: 
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OAlOAl L     Equation 3.3 
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0 = [0.22(T-273) – 1065] kJ/Mole O2 [126] 
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0 = [0.176(T-273) – 843] kJ/Mole O2 [126]   

Where T = temperature in Kelvin. 

By assuming an ideal solution and Raoult’s law, the mole fraction is taken to represent 

the activity of Al and Si. Therefore: 
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The Gibbs free energy change, ΔG, defines the driving force for the reaction and must 

be negative for it to proceed in the forward direction.  

            (
 
    

   

  
    

   

)                          Equation 3.5 

Where ΔG
0 is the standard free energy change when all species are in their standard 

states, R is the molar gas constant, T is temperature, a is the activity of each species 

and aO2 is the activity of oxygen (taken as the same as PO2) [85][86].  

 

At equilibrium, ΔG = 0 and the partial pressure of oxygen can therefore be expressed 

as: 

                Equation 3.6 

Where K is the equilibrium constant, a description of the equilibrium state of the 

system. If the constituents Al2O3 and SiO2 appear in their standard, pure states, then 

their activity is expressed as 1. The Gibbs free energy change for oxidation of Al is 

therefore: 
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Combination of the two half-reactions describes how the reduction of SiO2 by Al 

proceeds: 
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It can therefore be shown that the Gibbs free-energy for the reduction of SiO2 by Al is:  

]ln[][
3/4

0

4.3

0

3.34.33.39.3

Al

Si

a

a
RTGGGGG       Equation 3.10 



Chapter 3 

 

94 
 

For the reduction to be spontaneous G3.9 < 0. In the case of Al, the mole fraction (and 

therefore activity) can be obtained from the nominal alloy composition (Table 3.4) 

CMSX-4 Al Co Cr Ti Ta W Re Mo Ni 

wt% 5.8 9.5 6.5 1.1 6.5 6.5 3.0 0.6 60.5 

at% 13.04 9.78 7.58 1.39 2.18 2.15 0.98 0.38 62.53 

activity, a 0.13 0.01 0.08 0.014 0.022 0.021 0.01 0.004 0.63 

CMSX-10N  

wt% 5.9 3.1 1.6 0.1 8.5 5.5 6.8 0.45 68.05 

at% 13.83 3.33 1.95 0.13 2.97 1.89 2.31 0.30 73.30 

activity, a 0.14 0.03 0.02 0.001 0.03 0.019 0.023 0.003 0.73 

Table 3.4 Nominal composition and element activities for CMSX-4 and 10N 

The activity of Si can be estimated from an elementary mass balance based on the 

thickness of the resulting Al2O3 layer and taking into consideration the stoichiometry of 

Equation 3.9. By considering a unit volume of the turbine blade (1cm3), with a 2m 

thick Al2O3 layer on the single, external surface (Figure 3.8), and assuming the Al2O3 

mould-metal reaction layer forms across the entire blade surface (both scaled and 

unscaled areas), the mass of the Al2O3 formed on the blade surface and the mass of Si 

dissolved in the liquid are given by: 

glAm OAltionCrossOAl
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                 Equation 3.12 

Where l is the Al2O3 thickness, ρ is the density of alumina, At.wt is the atomic weight 

and MW is the molecular weight. 

 

The densities of CMSX-4 and CMSX-10N are 8.7 and 9.05g/cm3 respectively and 

therefore the unit masses are 8.7 and 9.05g respectively. By assuming that the 

reduction reaction occurs whilst the alloy is liquid and that the Si produced is dissolved 

within the liquid, the mass of Si produced can be added to the unit mass and the 
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activities calculated from their mole fractions. For the temperature range where the 

alloy is liquid (1400 < T < 1500C) the activity of Si is 8x10-6.  

 

Using the Al and Si activities and Equation 3.10, the free energy change for the 

reduction of SiO2 by aluminium can be calculated and shown to be negative for the 

temperature range 1400 < T < 1500°C: 

-286.6 kJ/mole O2 ≤ ΔG ≤ -289.7 kJ/mole O2           (CMSX-10N) 

-285.5 kJ/mole O2 ≤ ΔG ≤ -288.6 kJ/mole O2    (CMSX-4) 

Therefore because the Gibbs free-energy for this reaction is negative, the reduction of 

SiO2 by Al in the liquid will occur spontaneously. In the case of Equation 3.3 (the 

oxidation of aluminium) the equilibrium partial pressure of oxygen can be taken from 

the Ellingham diagram (Figure 3.21 purple line) as PO2  10-23 at 1500°C and  10-25 at 

1400°C, whilst the casting furnace PO2  10-6. Therefore, this reaction is spontaneous 

and Al in the melt will also form an oxide with the residual O2 within the furnace as 

well as reaction with the SiO2 in the mould Prime-coat, resulting in a continuous oxide 

layer across the liquid alloy at the mould-metal interface. 
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Figure 3.21 Ellingham diagram of standard free energies for oxide formation. Al and Si oxides are highlighted in 

blue and red respectively [86] 

For Equation 3.4 (oxidation of Si) the standard free energy of formation between 1400-

1500°C is also negative and the equilibrium PO2 is 10-18 <T< 10-19. However, the activity 

of Si is very low (~10-6), therefore the low activity of Si decreases the spontaneity of 

Equation 3.4; rather favouring the reverse reaction, reduction of SiO2 by Al. 

3.4.2 Mould-Metal Separation 

The mould surfaces in contact with the scaled and unscaled as-cast surfaces are shown 

in Figure 3.22. There is a clear boundary between the scaled and unscaled mould 

surfaces which matches the corresponding boundary seen on the turbine blade 
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surface, between the scaled and unscaled areas. It is also evident that, whilst the 

mould surface corresponding to the scaled surface is macroscopically smooth, in the 

unscaled case the mould surface is much rougher and ‘grainy’ in texture.  

 
Figure 3.22 Optical images of the border between the scaled and unscaled regions 

From Figure 3.8, the presence of a continuous Al2O3 layer which is in intimate contact 

with the mould prime-coat and the unscaled blade surface is clear. Therefore, when 

the casting is separated from the mould during knock-off, this Al2O3 layer remains 

adhered to the metal surface and furthermore, pulls off patches of the mould prime-

coat with it. However, in the scaled regions, no such continuous alumina layer is seen 

on the blade surface after knock-off, nor is there any evidence of zircon/SiO2 ceramic 

from the mould. The thermodynamic analysis in Section 3.4.1 proves that the Al2O3 

layer is a mould-metal reaction product whilst the XPS analysis in Figure 3.11 of the 

mould prime-coat adjacent to the scaled regions showed that the missing Al2O3 layer is 

adhered to the prime-coat. The difference in surface texture, and the removal of Al2O3, 

suggests that the mould and metal are being pulled apart in the scaled regions.  

 

During the last stage of casting the blade/mould assembly is cooled and during this 

process both the solid metal and the ceramic mould contract with a differential 
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thermal contraction existing between them. Since the metal contraction is greater 

(1.4x10-5K-1 versus 5.4x10-6K-1 [118]) a gap will form between the metal casting surface 

and the mould wall.  

 

The commercial software package, ProCASTTM, was used at Rolls-Royce as part of this 

research project to predict the separation between mould and metal during 

investment casting [119]. Due to the complex nature of modelling such a system it was 

assumed that radiation is the dominant heat transfer mode and appropriate heat 

transfer coefficients were applied to the mould/metal interface, which have been 

validated using instrumented moulds with thermocouples [120]. Since casting is 

performed under vacuum it is a reasonable assumption to ignore conduction and 

convection heat transfer modes.  

 

The calculated temperature profiles were then used as input for a 3D mechanical 

model, which calculates the local stress and the accompanying strain from which local 

displacement is determined. Consequently, the gap between the mould and metal is 

determined from this nodal displacement for any given temperature. To facilitate the 

run-time, some further simplifying assumptions were made in the calculation: 

 The metal is assumed to deform elastically up to its yield point beyond which 

only plastic deformation occurs. The mould is considered to be perfectly elastic. 

No creep is considered and fracture is not considered in the ceramic. 

 No mechanical interaction is considered between the mould and metal at the 

interface. This ignores any effects of ‘sticking’ due to the Al2O3 layer 

sandwiched between the two surfaces. 
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Because the surface scale is prevalent on the upper, convex portion of the blade 

aerofoil, two typical transverse sections were examined at the lower end of the casting 

(termed “bottom” or unscaled) and the other at the top end of the casting (termed 

“top” or scaled). The calculated temperature contour plots and displacement are 

shown in Figure 3.23 for 900°C whilst Figure 3.24 shows the same for 1100°C.  

 

Figure 3.23 Temperature and displacement contour plots calculated using ProCAST
TM

 for the bottom section (a-b) 
and for the top section (c-d) at 900°C. 
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Figure 3.24 Temperature and displacement contour plots calculated using ProCAST
TM

 for the bottom section (a-b) 
and for the top section (c-d) at 1100°C.  

In both Figure 3.23 and Figure 3.24, (a) and (b) refer to the bottom section whilst (c) 

and (d) refer to the top section. In both Figures, the temperature plots show that a 

significant temperature gradient occurs over the thickness of the mould, ranging from 

100-200°C, and that there is also a temperature gradient of up to 40°C across the solid 

blade. The calculated gap width between mould and metal is larger at higher 

solidification heights and doubles in magnitude at 900°C compared to 1100°C, with a 

maximum gap width of 40 m predicted in the top section at 900°C. 

 

The gap width is also shown to be greater along the convex portion of the aerofoil, 

when compared with the concave surface, which is where surface scale is seen to 

form. In Figure 3.24(d) the mould-metal separation is nearly uniform across the entire 
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surface perimeter. The severity of the mould-metal separation is dependent on the 

assumptions made in calculations, but nevertheless semi-quantitative aspects of the 

separation are clearly illustrated by these results, namely that: 

a) Mould-metal separation occurs to a greater extent on the upper, convex 

portion of the blade surface. This agrees with the spatial location of surface 

scale. 

b) There exists a large temperature gradient across the mould and metal of up to 

40°C which will exacerbate the differential thermal contraction. 

 

During cooling, after solidification, the metal separates from the mould wall owing to 

the differential thermal contraction. This separation occurs in the solid-state and the 

degree of contraction is dependent on the constraints imposed by the geometry of the 

turbine blade as well as the interaction between the mould and the metal at the 

mould-metal interface. There will also be mechanisms in each material, such as creep 

and fracture that will act to relieve the strain imparted by the contraction. 

 

There is an increasing gap width at the convex surface of the aerofoil and with 

increasing solidification height. In the unscaled region, there exists an intimate contact 

between the mould Prime-coat, the Al2O3 mould-metal reaction layer and the metal 

substrate but with increasing solidification height there is a clear de-bonding observed 

between the mould and metal expressed in terms of gap width (Figure 3.24). In these 

calculations the mould is only assumed to deform elastically, so there is a continuous 

build-up of stress within the ceramic. Once the stress exceeds a critical threshold, the 

ceramic mould fractures and this is observed in practice within the foundry. Following 
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fracture, thereafter the metal will be able to detach easily from the mould without any 

constraint.  

 

In the scaled region (upper portion of the aerofoil) where mould-metal contraction 

dominates and the metal contracts from the mould, the Al2O3 mould-metal reaction 

layer is present on the mating Prime-coat that is retained on the mould. The 

detachment of this “protective” Al2O3 layer from the surface of the aerofoil during 

contraction would then render the bare metal surface susceptible to subsequent 

oxidation. This is what happens on the scaled region as the casting keeps cooling 

during withdrawal from the furnace and this forms the basis of the discussion in the 

next section. 

3.4.3 Surface Scale Formation 

3.4.3.1 Thermodynamic analysis 

In the scaled region of the aerofoil there is the presence of a dual-layered oxide 

((Ni,Co)O upper layer with an Al, Cr rich sub-layer) instead of the Al2O3 seen in the 

unscaled regions. There is a sharp demarcation between the scaled and unscaled 

region (Figure 3.22) on the aerofoil and the scale oxide is ~0.5-1µm thick compared to 

~2µm for the unscaled Al2O3. To show that these scale oxides are not the product of a 

mould-metal reaction, the same thermodynamic arguments as in Section 3.4.1 can be 

used. Considering a reaction between the liquid Ni and the SiO2 to form NiO and Si: 
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Where GNiO
0 and GSiO2

0 can be obtained from the individual oxidation reactions 

(calculated using reference [121]) and the stoichiometry is taken into account. The 

activity of Ni, aNi, is assumed to be the mole fraction and the activity of Si, aSi, is taken 

from Section 3.4.1 (aSi = 8x10-6). 

 
Figure 3.25 Gibbs free-energy for the reduction of SiO2 by Al, Ni and Ti within the liquid alloy 

The same analysis procedure can be applied for the reduction via titanium in the melt 

to form TiO2. Figure 3.25 summarises the calculated free energies for the reduction of 

SiO2 by Al, Ni and Ti and it is clear that the reduction of SiO2 by Al is thermodynamically 

more favourable, as compared to that with Ti (since it is more negative). On the other 

hand, reduction of SiO2 by Ni does not occur, since for the temperature range and 

silicon activity, G is considerably greater than zero. Therefore, occurrence of a 

mould/metal reaction cannot account for the formation of NiO on the scaled portion 

of the aerofoil.  

 

Rather than a mould-metal reaction, the surface scale oxides are instead a product of 

oxidation of the “bare” metal surface following the detachment of the Al2O3 reaction 

layer by differential mould-metal contraction. There are a number of oxidation studies 

of the SRR99 [122][123] and CMSX10K (variant of CMSX10N) alloys [124][125], which 



Chapter 3 

 

104 
 

provide good insight into the oxidation behaviour of these materials. However, the key 

difference is that these oxidation studies are performed under atmospheric conditions 

and for prolonged isothermal holds with the aim of assessing the alloys in-service 

oxidation resistance. However in the results presented in this Chapter, the oxygen 

partial pressure (PO2) in the casting furnace (~10-6 atm) and also the oxidation times 

are significantly lower than those used to assess in-service oxidation performance and 

this will in turn affect the oxide species produced.  

 

Using the Gibbs free-energy of formation (Equation 3.14 [85]) there is, for each 

element, a unique partial pressure above which oxidation will occur. However, while 

the metal oxide can be assumed to be pure and solid (therefore activity,      
= 1), the 

alloying elements are in solid-solution and therefore, assuming Raoult’s law, will be 

characterised by activities less than 1. These can be found from their mole fractions 

within the alloy (calculated in Table 3.4, page 94). 

             [
     

   

  
    

    

]                     Equation 3.14 

For the oxidation reaction to be spontaneous, Gf < 0, whilst at equilibrium ΔG = 0. 

The Ellingham diagram is a useful way of graphically representing under what 

conditions the oxidation reaction will occur by plotting the Gibbs free-energy change 

against temperature. This allows the direct comparison of various oxide reactions; the 

most stable being lowest on the diagram and having the lowest Gibbs free-energy of 

formation. It is also possible to find the partial pressure of oxygen that, at equilibrium, 

is equal to the dissociation pressure of the oxide, allowing the identification of likely 

oxidation reactions for any known PO2 [86]. 
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Figure 3.26 shows the Ellingham diagrams calculated for CMSX-4 and CMSX-10N, using 

Equation 2.12 and taking into account the elemental activities (Table 3.4) and the 

typical casting furnace PO2 of 10-6atm. Equilibrium partial pressure of oxygen is the 

pressure at which the driving force for oxidation is zero and is shown in Figure 3.27. 

When the partial pressure of oxygen is greater than the predicted equilibrium partial 

pressure, the free-energy change for the reaction is negative and there is a driving 

force for the reaction to take place and metal will be oxidized.  

 

It is clear that, below 1450-1500°C, all the oxides are thermodynamically stable with 

Al2O3 the most stable, followed by TiO2, Ta2O5, Cr2O3, WO2, CoO/NiO respectively. It is 

apparent that the evolution in Cobalt content from CMSX-4 to CMSX-10N (9.5-3.1wt%) 

has reversed the order of most thermodynamically stable oxide, in favour of NiO in 

CMSX-10N. 
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Figure 3.26 Calculated Ellingham diagrams for CMSX-4 and -10N (Legend in Figure 3.27) [126] 

 

Figure 3.27 Equilibrium partial pressure of oxygen versus temperature for CMSX-4 NB: Same as CMSX-10N 

The effect of oxygen partial pressure is shown in Figure 3.27. The typical casting 

furnace PO2 of 10-6 atm is highlighted on the vertical scale and it is clear that Al2O3, 

TiO2, Cr2O3 and Ta2O5 can all form at the temperatures experienced during casting 

since they appear lower on the diagram than the equilibrium PO2 of 10-6 atm. The 

formation of NiO, CoO and WO2 however is dependent on the temperature since they 

all have PO2 values above the 10-6 atm line until 1370, 1230 and 1430°C respectively. 
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These results show that the all of these oxides can form on the surface of the turbine 

blades, in the solid-state, since the Liquidus-Solidus temperatures for CMSX-4 and 10N 

are ~1423-1369°C and ~1382-1329°C respectively.  

 

From this data it is clear that thermodynamic stability is not the only factor affecting 

the type of oxide species that form since there exists an outer (Ni,Co)O layer on top of 

a mixed subscale of the more thermodynamically stable oxide formers, Al and Cr. The 

growth kinetics of each oxide clearly plays an important role in the oxidation 

mechanism and will be discussed next. 

3.4.3.2 Kinetic analysis of oxide formation 

For both alloys, the surface scale oxide is around 1 micron thick and is predominantly 

composed of NiO. In oxidation studies of CMSX-10N variant alloys [124][125] similar 

observations were made. It has been shown in isothermal and cyclic oxidation studies, 

at or below 1000°C, that NiO is a fast growing, porous oxide (typically with small 

amounts of CoO in solution) found as the upper most oxide species, below which Al2O3 

and/or Cr2O3 dominate after steady-state conditions are reached [127][128]. NiO is a 

non-stoichiometric oxide that exhibits p-type semiconductor behaviour, inducing 

growth through outward cation (M+ ions) migration due to a metal deficit crystal 

structure. This is evident by the way the NiO grows outward from the metal surface at 

the gas/oxide interface (Figure 3.28). Al2O3 on the other hand is highly stoichiometric 

and typically forms at the oxide/metal interface growing via the rate-controlling 

transport of O2 ions through the oxide layer. However, it has been shown that its 
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growth can be controlled by the diffusion of Al [129] and that the oxide can be either 

an n-type or p-type semiconductor, depending on the local oxygen potential [130].  

 

Figure 3.28 Ion and electron transport schematic for (a) cation diffusion controlled oxide film (e.g. NiO) and (b) 
anion diffusion controlled oxide film (e.g. Al2O3). Adapted from [131] 

In the case of surface scale formation the oxidation is not steady-state (temperature is 

not isothermal and time is a few hours only) but is instead transient which corresponds 

to the initial period of rapid oxide growth prior to the establishment of steady-state 

conditions. Within this period (alloy dependent between 1-100hrs 

[111][127][132][133][134]) the observations are similar to the TEM/EDX experimental 

results in Section 2.5.4, i.e. the outer growth of (Ni,Co)O and a mixed subscale/spinel 

below.   

 

The subscale is a product of solid-state reactions between oxide species and a reducing 

oxygen partial pressure due to the NiO layer acting as a diffusion barrier above. 

Isothermal and cyclic oxidation studies on various SX alloys (SRR99, CMSX-2 & 3 and 

DD32) at 800-1150°C have shown that this subscale is most likely composed of spinel 

phases (mineral of general formulation A2+B3+
2O2-

4) such as Ni(Cr,Al,Co)2O4 as well as 

(Cr,Al)TaO4 and (Cr,Al)2O3 [122][132][135][136]. Kear et al [137] investigated the 

transient oxidation of a Ni-15Cr-6Al alloy at 1000°C in 0.1 atm oxygen for up to 40 

minutes isothermal hold. This work is important to discuss since the nature of the 
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transient oxidation process matches that occurring in the scaled regions during casting. 

Kear et al produced a schematic diagram of the transient oxidation process (Figure 

3.29), within the first minute of oxidation a thin layer of oxide has already formed, 

composed of a spinel (Ni(Cr,Al)2O4) with small islands of NiO. Beneath the oxide layer, 

Cr oxidises to form small particles of Cr2O3 (Figure 3.29(a)). After 5mins oxygen 

diffusion within the oxide and the alloy favour the growth of the NiO which grows 

laterally over the spinel. At the same time Cr in the alloy diffuses to the oxide/alloy 

interface and continues to forms Cr2O3 particles. As the oxide layer grows, the oxygen 

partial pressure at the oxide/alloy interface is reduced; therefore Al starts to 

preferentially oxidise at this interface (Figure 3.29(b)). These Al oxides initially are not 

α-Al2O3, rather polymorphs with orthorhombic structure, e.g. χ and ϒ phases, which 

subsequently transform into the stable α-Al2O3 phase upon further oxidation. After 

40mins, the distinct Cr2O3 particles have coalesced to form a continuous band of Cr2O3 

with some Al2O3 in solution. Above this layer the growth of the NiO and spinel phases 

is retarded due to the Cr2O3 diffusion barrier below preventing fresh metal migrating 

to the oxide/air interface (Figure 3.29(c)). Continued oxidation past 40mins results in 

the formation of a continuous layer of α-Al2O3 at the oxide/alloy interface, due to the 

decreased PO2, and after 20hours oxidation there was little evidence of the NiO/spinel 

phases remaining. These are either consumed by the oxides below or 

spalled/vaporized away.  
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Figure 3.29 The transient oxidation process of a Ni-15Cr-6Al alloy at 1000°C in 0.1 atm oxygen [137] 

Usually the formation of the NiO and subscale/spinel layers would have the effect of 

reducing the oxygen transport (PO2) to the alloy surface sufficiently to allow the 

preferential oxidation of Al2O3. This is not seen in oxidation during casting meaning 

that there is insufficient time for the NiO and subscale below to become thick enough 

to allow the production of an Al2O3 layer and therefore steady-state conditions are not 

encountered. The typical withdrawal rate from the furnace hot-zone during directional 

solidification is 5x10-5ms-1, giving a time of ~5.56 hours to remove the whole 

casting/mould assembly from the hot-zone (assembly height ~1m).  However, the 

temperature is constantly falling; therefore the actual oxidation time will likely be 

smaller than this. Using the evidence from Kear et al as a guideline, it seems likely that 

the total oxidation time is less than 1hr since the resultant scale oxide does not form a 

continuous Al2O3 layer. 
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3.5 A Model for Surface Scale Formation  

The refined model for formation of surface scale is proposed in Figure 3.30, which is an 

evolution of the initial model proposed by Brewster [7]. It depicts the key stages of 

Surface Scale formation as follows (i) – (v): 

i. During casting and after pouring, the liquid metal is in intimate contact with the 

mould face-coat over the entire surface of the casting. 

ii. A mould-metal reaction of Al in the liquid reducing the SiO2 in the face-coat 

results in the formation of a ~2μm thick Al2O3 layer over the entire casting 

surface. Si is a by-product of this reaction that is dissolved in the liquid.  

iii. Upon cooling below the solidus temperature, mould-metal differential 

contraction occurs, resulting in key areas of the blade coming away from the 

mould wall. These areas are the upper, convex parts of the aerofoil and will 

become scaled. 

iv. The separation of mould and metal also removes the Al2O3 from the scaled 

regions surface, exposing a “bare” casting surface to the furnace atmosphere. 

v. Subsequently, transient oxidation occurs at the “bare” casting surface to form a 

multi-layered oxide scale, termed ‘Surface Scale’. The composition and 

thickness of this oxide scale is dependent on alloy composition and oxygen 

partial pressure/temperature within the furnace and at the oxide/alloy 

interface. 

vi. When the mould is separated from the casting, on the unscaled areas, small 

patches of remnant mould face-coat as well as the Al2O3 layer can be seen. In 

the scaled areas the surface is much smoother, absent from adhered mould 
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material and exhibits a patina of discolouration caused by the presence of 

surface scale oxides. 

 

Figure 3.30 Schematic diagram of the model for the formation of surface scale during directional solidification 
(adapted from the original diagram by Brewster [7]) 
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Chapter 4. Characterisation of the Surface Melt Blister formed 

during Heat-Treatment 

4.1 Introduction 

This Chapter aims to characterise the morphology and evolution of the surface defect 

known as ‘Surface Melting’ or ‘Surface Melt Blister/Wrinkle’ which occurs during heat-

treatment of Nickel-based superalloy turbine blades, particularly those cast in single-

crystal form. It is identified as an area of raised material on the aerofoil surface 

immediately after heat-treatment (Figure 4.1) that is 10’s of mm2 in size. This defect is 

directly linked with surface scale, discussed in Chapter 3, because it is in the areas that 

previously exhibited surface scale that the melt blisters appear during subsequent 

heat-treatment. This melted and re-frozen layer has to be mechanically abraded 

before the components surface can be visually assessed for grain structure defects 

such as re-crystallisation, freckles and high-angled grain boundaries. It is also more 

likely that the blade will be scrapped due to excess material removal (resulting in 

exceeded dimensional tolerances) or if the part requires too many rework stages.  

 
Figure 4.1 Surface wrinkle melt blister on the aerofoil of an IPTB cast from CMSX-10N [68] 
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During solutioning the alloy is heated to, and held at, a temperature above the γ’-

solvus, within the γ phase-field (but below the solidus temperature), for a period of 

about 8-24 hours (in the case of CMSX-4 and CMSX-10N respectively). However, it has 

been observed that microstructural instability and localised melting can develop across 

certain regions of the aerofoil surface during solutioning, specifically in the areas that 

were scaled in the as-cast condition [7][77]. This is especially evident in the latest 

generation single-crystal (SX) superalloy, CMSX-10N (but also in CMSX-4) in part due to 

the narrow heat-treatment window between adequate γ phase homogenisation and 

incipient melting. A representative cross-sectional image of the melt blister 

microstructural instability is shown in Figure 4.2.  

 

This Chapter therefore aims to investigate the surface melt blister morphology during 

heat-treatment by tracking the microstructural evolution of SX test-bars during 

solutioning and ageing and to answer the following key questions:  

a) Why does the microstructural instability only affect the previously scaled 

regions of the aerofoil and not the unscaled regions as well? 

b) What processes are occurring at the surface of the casting during solutioning 

and ageing heat-treatments that result in the microstructural instability? 

With these answers it is hoped that proposals can be made that will mitigate the 

formation of the surface melt blister and thus improve production efficiency. 

 
Figure 4.2 OM image of melt blister cross-section from a heat-treated SX turbine blade  
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4.2 Experimental Methods 

The SX Nickel-based superalloy, CMSX-4, was considered extensively in this chapter 

due to its significant industrial importance and susceptibility to surface melt blisters. 

Nominal composition (wt.%) is given in Table 4.1. Single-crystal test-bars were chosen 

for the microstructural analysis due to their availability (turbine blades are notoriously 

difficult to request due to production requirements) and because they undergo the 

same processes simultaneously as the turbine blades. 

Alloy Al Co Cr Ti Mo Ta W Re Ni 

CMSX-4 5.8 9.5 6.5 1.1 0.6 6.5 6.5 3 Bal 

Table 4.1 Nominal composition (wt.%) of alloying elements  

4.2.1 Investment Casting and Heat-Treatment 

For this study, cylindrical test-bars (10mm OD x 60mm H) were cast using the methods 

described in Chapter 3 at the Precision Casting Facility (PCF), Rolls-Royce plc in Derby. 

The test-bars were subsequently heat-treated by standard industrial practices within 

the turbine blade heat-treatment furnaces (during standard production) at Bodycote 

plc. The heat-treatment includes a series of ramps and holds to a final solutioning 

temperature of 1312°C for 8 hours. During the ramp up stages of solutioning the 

furnace is under a vacuum of 10-3 mbar (~10-6atm), beyond 1140°C Ar gas is introduced 

with a partial pressure of PAr = 0.5 mbar (~5x10-4atm). Following the isothermal hold at 

1312°C the furnace is rapid gas fan quenched using Argon gas.  

 

The test-bars were then aged at 1140°C for 2 hours at a vacuum level of 10-3 mbar 

before rapid gas fan quenching in Argon gas. After casting, prior to heat-treatment, the 

test-bars were grit blasted with Al2O3 media to remove all surface oxides (both surface 
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scale and the unscaled Al2O3). This is to ensure that the as-cast surface oxides and 

surface eutectic are removed prior to solutioning so as to discount their effect from 

the results. 

 

In the case of the pre-oxidised test-bars, these were also girt-blast in the as-cast 

condition prior to being heat-treated using a laboratory  furnace in atmospheric air at 

1100°C for a maximum hold time of 4 hours and a ramp rate of 10Kmin-1 before being 

air-cooled. These were then solutioned as standard. 

4.2.2 Optical Microscopy and Scanning Electron Microscopy (SEM) 

Transverse aerofoil cross-sections were cut from the test-bars using a diamond tipped 

rotary bench saw before being mounted in conducting Bakelite resin and progressively 

polished with grit/SiC papers followed by a final 1/4m diamond polish for 

metallographic examination. Where necessary, samples were etched with a Nimonic 

etchant of 50ml HNO3, 200ml HCl, 12.5g CuCl2 and 12.5g FeCl2 made up to 500ml with 

distilled water. For EBSD analysis the samples were mechano-chemically polished using 

the Vibromet at Rolls-Royce, Derby with 0.65µm colloidal silica for several hours. 

 

Turbine blade surfaces were initially analysed with an Olympus BX51 optical 

microscope (OM) at various magnifications to select appropriate areas for further 

analysis. SEM/EDX was used to study the morphology and chemistry of the surface 

structure in greater detail than with OM. Back-scattered electron imaging (BSI) was 

performed, to enhance compositional contrast, at a typical working distance (WD) of 

5mm, spot size 5 and an accelerating voltage of 15-20 kV. For EDX analysis the 
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accelerating voltage was varied between 15-20kV (in order to excite X-ray emission 

from the heavy refractory elements but reduce detector dead-time). EDX spectra were 

collected from a minimum of three different locations, within the area of interest, to 

check for consistency. 

 

EBSD analysis of the near-surface regions of the heat-treated test-bars was conducted 

in order to assess its crystallographic orientation. Kikuchi patterns were collected using 

a Hikari EDAX camera and were indexed at a frame rate of 280 frames sec-1 according 

to Nickel structure files. Following this orientation, data was analysed using the EDAX 

software package.  

4.3 Results  

4.3.1 Microstructural Analysis of the Heat-Treated Surface 

Before heat-treatment, the as-cast test-bars were examined under the microscope to 

ensure the surface is free of any remaining oxides or eutectic (some minimal inter-

dendritic eutectic is present intersecting the surface, Figure 4.3).  

 
Figure 4.3 As-cast test-bar surface after grit-blasting. There is no remaining oxides or eutectic, except for small 

channels of inter-dendritic eutectic that intersects with the surface 
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Figure 4.4(a) shows an OM of the test-bar surface after solution and ageing heat-

treatments and it can be seen that a significant surface microstructural instability has 

evolved at the surface that is ~20µm thick and continuous around the entire test-bar 

perimeter. A corresponding back-scattered electron image (BSI) is shown in Figure 

4.4(b) that focuses on the surface layer in more detail, whilst in Figure 4.5 the EDX 

spectra are shown from the key areas highlighted in Figure 4.4(b).  

 
Figure 4.4 (a) OM image of the fully heat-treated test-bar surface with surface layer and (b) higher magnification 

BSI of the same surface area with EDX spectral locations highlighted for Figure 4.5 

 
Figure 4.5 EDX spectra from the surface layer (red) and the substrate (black) 
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The EDX spectra (Figure 4.5) shows that the surface layer is composed of γ’ since there 

is a reduction in the peak heights of the γ partitioning elements Cr and Co and an 

increase in Al+Ti, in comparison to the substrate spectrum. There is also enrichment of 

the refractory elements W, Ta and Re within the surface layer (these are 

indistinguishable using EDX due to their Mα peak overlaps) as well as Ni. In many 

locations, recrystallized (RX) γ grains have nucleated and grown beneath the γ’ surface 

layer into the substrate and at the boundary between these γ grains, the substrate and 

the γ’ layer above, refractory-rich precipitates (TCP’s) have nucleated (these appear 

bright white in the BSI). This can also be seen occasionally between adjacent γ grains. A 

closer examination of the γ’ surface layer, as well as the interfaces between each γ 

grain and the surface layer is shown in Figure 4.6.  

 
Figure 4.6 BSI’s showing (a-b) close-up of the γ’ surface layer porosity and DP reaction (c) γ’ coarsening in the 

substrate adjacent to the γ’ surface layer and (d) the interface with the γ’ layer and γ RX grains below 
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From Figure 4.6(a) the presence of pores within the upper portion of the γ’ surface 

layer are evident. In all figures there is evidence of discontinuous precipitation (DP) 

occurring between γ grains as well between the γ’ the surface layer and the substrate. 

This DP reaction is characterised by the growth of TCP’s and lamellar γ phase channels 

(Figure 4.6(d)). In Figure 4.6(c) the γ’ precipitates in the substrate, adjacent to the γ’ 

surface layer have coarsened and the similar contrast, in back-scatter mode, between 

the surface layer and the γ’ precipitates in the grains below makes it clear that the 

surface layer is indeed γ’. The coarsening is an indicator of the diffusion and 

concentration of γ’ formers (i.e. Al) towards the border with the γ’ surface layer. 

 

The RX γ grains contain blocky γ’ precipitates, as is normal of the substrate, with a DP 

reaction occurring between each RX γ grain. It is also clear that these grains are 

polycrystalline, not single-crystal like the substrate below, however it is not clear 

whether the γ’ surface layer is polycrystalline or SX. It was therefore decided to use 

EBSD analysis of this region to confirm the orientation of the surface layer and sub-

grains.  
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Figure 4.7 Crystallographic analysis of the surface region (a) BSI of γ’ surface layer and RX γ grains and (b) EBSD 

derived inverse pole figure map of same area showing polycrystalline nature of the surface (where colour 
variation indicates different crystallographic orientations) 

Figure 4.7(a) shows a BSI of the surface of the heat-treated test-bar, representative of 

the γ’ surface layer + RX γ grains + TCP’s morphology. In Figure 4.8(b) the 

corresponding EBSD derived inverse pole figure map is shown and from this it is clear 

to see that both the γ’ surface layer and the RX γ sub-grains are polycrystalline 

whereas the substrate is SX.  

 

In order to assess the change in surface morphology between solution and ageing 

heat-treatments some purely solutioned test-bars were analysed (un-aged) and these 

are shown in Figure 4.8. It is clear that in the purely solutioned state, the occurrence of 

both the γ’ surface layer and the RX γ grains are evident whilst the DP reaction at the 

interfaces between γ grains, the γ’ surface layer etc is missing. However there is 

evidence of the precipitation of needle-like discrete particles of TCP’s at the γ’ 

layer/substrate interfaces. In the RX γ grains the γ’ phase has precipitated during 

quench with the small blocky morphology characteristic of the substrate whilst at the 
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grain boundaries, there is evidence of coarsening of these γ’ precipitates due to the 

increased solubility of the boundary. Finally, it can be concluded that the DP reaction 

occurs during ageing and not during solutioning heat-treatment. 

   
Figure 4.8(a) BSI of the solutioned test-bar with characteristic γ’ surface layer and RX γ grains but no DP at 

interfaces (b) RX γ grain/substrate interface showing coarse γ’ precipitates on the grain-boundary and an absence 
of DP (c) close-up of the γ’ surface layer/RX grain interface showing formation of some discrete TCP’s  

4.3.2 Microstructural Analysis of the Pre-Oxidised Test-Bars 

In order to stabilise the γ’ phase at the surface (to form the γ’ surface layer), the γ 

phase stabilising elements must first be depleted (i.e. Ni, Cr and Co) in order to 

increase the ratio of γ’ stabilising elements such as Al and Ta. In order to test this 

statement and to attempt to suppress the formation of the γ’ surface layer, test-bars 
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were pre-oxidised in atmospheric air prior to solutioning and their surfaces were 

analysed after subsequent solutioning. Figure 4.9 shows that the surface of the pre-

oxidised test-bar is covered in a thin (~1µm) external layer of Al2O3 with internal 

oxidation occurring below. There is also an intermediate γ’ precipitate free zone (PFZ) 

between the outer oxide and the substrate beneath that is ~10µm in depth. The 

growth of the Al2O3 layer, and the PFZ below, effectively removes γ’ forming Al from 

the surface region, stabilising the γ phase. 

 
Figure 4.9 Pre-oxidised test-bar surface prior to subsequent solutioning with Al2O3 surface oxide (black) 

The subsequently solutioned surface morphology is shown in Figure 4.10 and the first 

point to note is that the γ’ surface layer has not formed, unlike in the standard case in 

Figure 4.4. The surface oxide layer of Al2O3 is clear to see in the BSI as a dark surface 

layer as well as small chains of internal oxidation. Finally, the recrystallized γ grains 

have formed into the substrate, as is to be expected due to the grit blasted nature of 

the test-bar surface prior to solutioning. In Figure 4.11 the three key areas of interest 

have been analysed using EDX, (i) the surface oxide, (ii) the near surface region and (iii) 

the substrate, in order to compare their composition. It is clear that the near surface 

region and the substrate have a similar composition and that therefore there is no γ’ 
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surface layer or depletion of γ stabilising elements. From the BSI in Figure 4.10(b) it is 

clear that the precipitate free zone (PFZ) has disappeared in the solutioned state due 

to long-range diffusion of the γ’ formers, e.g. Al, to the surface at the high 

temperatures and hold times experienced during solutioning. The surface oxide is also 

confirmed to be Al2O3 from the Al(Kα) and O(Kα) peak heights. This confirms that by 

pre-oxidising the test-bar surface, the formation of the γ’ surface layer is precluded 

and that therefore, in order for its formation to proceed, significant alloy redistribution 

is required, particularly losses of Ni, Cr and Co. 

 
Figure 4.10 Pre-oxidised and solutioned test-bar surface (a) OM and (b) BSI of the surface morphology showing 

the outer Al2O3 layer (plus internal oxidation), RX γ grains and no γ’ layer. Insert shows no PFZ below oxide 
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Figure 4.11 EDX spectra for the surface oxide layer, the γ RX grains and the substrate of the pre-oxidised and 
solutioned test-bar sample 

4.4 Discussion 

4.4.1 Stabilisation of the γ’ Phase at the Surface during Solutioning 

During solutioning the component is held at a temperature within the γ phase-field, 

which is high enough to dissolve the γ’ phase, and homogenise the segregated 

microstructure via long-range volume diffusion. At the same time some surface 

oxidation occurs in the low-PO2 heat-treatment environment, favouring the formation 

of the thermodynamically stable (but slow growing), Al2O3. The typical thickness of this 

oxide layer in the post-solutioning state is observed as ~1-2µm and by forming this 

oxide, Al is pulled from the near-surface region resulting in an Al depleted zone, the 

severity of which depends on the oxidation time, temperature, oxide growth rate and 

the rate of diffusion of Al to the surface. This generally acts to increase the stability of 

the γ phase at the near-surface region, however in the case of the results shown in this 
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Chapter the converse has been identified, with the increased stabilisation of the non-

equilibrium γ’ phase at the surface. In order to achieve this, significant re-distribution 

of solute is required in the near-surface region. From the nominal composition, the γ 

and γ’ phases can be written as (normalised for Al): 

γ [Ni5.16 Al1 Co0.79 Cr0.61 Mo0.03 Ti0.1 Ta0.17 W0.17 Re0.08] 

γ’ [Ni4.1 Al1 Co0.43 Cr0.13 Mo0.01 Ti0.09 Ta0.28 W0.06 Re0.01] 

A reduction in the Ni/Al ration is thus required in order to stabilise the γ’ phase, as well 

as redistribution of the solid-solution strengthening elements Cr, Co, W and Re which 

typically have a low solubility in γ’. Ni, Co and Cr are however characterised by 

relatively high vapour pressures and therefore the role of vaporisation (sublimation) 

must be considered. The equilibrium partial pressures for pure Ni, Co and Cr are 

calculated from the following expressions (thermodynamic data from [138]): 

   [   ]            
     

 
             Equation 4.1 

   [   ]         
     

 
                                  Equation 4.2 

   [   ]            
     

 
                            Equation 4.3 

However in the case of Nickel-based superalloys, these elements are not in their pure 

form but are rather part of a solid-solution (alloy) so they will have an associated 

reduction in their vapour pressures. In the case of solid-solutions, assuming ideal 

behaviour, then Raoult’s law applies and therefore the partial pressure of each 

element in the solution is proportional to its mole fraction: 

     
                        Equation 4.4 

 Where Pi is the vapour pressure of the species in solution, Pi
0 is the vapour pressure 

of the species in its standard, pure form and xi is the mole fraction of the species in the 

alloy. The mole fraction adjusted vapour pressure variation with temperature is shown 
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for Ni, Co and Cr in Figure 4.12(a). The rate of evaporation into a vacuum is 

proportional to the vapour pressure and given by the Langmuir equation [139]: 

   
  

√      
                                                    Equation 4.5 

Where Ei is the number of moles of species i evaporated per m2 per second, Pi is the 

vapour pressure of i in solution, Mi is the molecular weight of i and R and T are the gas 

constant and temperature respectively. 

By combination of Equations 4.4 and 4.5 one can represent the evaporative rate of 

each element, within the alloy, for increasing temperature. This is shown in Figure 

4.12(b) for the elements Ni, Co and Cr (adjusted for mole concentration according to 

Raoult’s law). 

 

Figure 4.12(a) Vapour pressure vs. temperature plots for Ni, Co and Cr (b) Evaporative rate from the sample 
surface into vacuum using the Langmuir equation 

From this figure it can be concluded that, below ~800°C, the evaporative losses for Cr 

are at least one order of magnitude greater than those for Ni and Co at the same 

temperature. Above 800°C the vapour pressures, and associated evaporative losses, 

for Ni and Cr converge, becoming identical at ~1400°C, however both remain larger 

than Co by one order of magnitude.  
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It is pertinent to this discussion that since the heat-treatment furnace atmosphere is 

not held at a perfect vacuum during solutioning, rather it is held at an Argon partial 

pressure of PAr = 0.5mBar (10-4 atm), it is necessary to consider fractions of the total 

Langmuir loss. It is clear that Cr is the most susceptible element to evaporative mass 

loss, followed by Ni and finally Co is the least susceptible. This analysis shows that it is 

likely that significant amounts of Cr and Ni can be lost during solutioning to 

evaporation. It is however a first approximation to this problem and ignores other 

factors affecting surface mass loss such as oxidation and long-range diffusion within 

the alloy which is to be covered in greater detail in Chapter 5.  

 

Evaporation of Cr and Ni from the surface of the solutioning test-bar would result in 

the necessary reduction in the Ni/Al ratio required to form the observed γ’ surface 

layer, however at solutioning temperatures (1312°C in the case of CMSX-4); 
 

  
     , 

volume diffusion is also predominant and must be considered as a competing factor to 

surface evaporation, acting to replenish the material lost to vaporisation.  

 

As seen in Figure 4.7 the γ’ surface layer is polycrystalline and not of the same 

orientation as the grain/substrate below it. It is also observed that, where they exist, 

the γ’ surface layer grows into and consumes the RX γ grains. Where there are no RX γ 

grains the γ’ surface layer grows into the substrate from the free-surface. This implies 

that the RX γ grains must form prior to the formation of the γ’ surface layer and leaves 

the following question. If the RX γ grains have grown in a classical RX sense (due to the 

relief of plastic deformation from grit blasting) then these newly formed RX grains will 

subsequently be stress-free. What therefore is the driving force for the subsequent 
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growth of the polycrystalline γ’ surface layer within them? This will be answered in the 

following sections which discuss the formation of the complete surface instability 

(both γ’ surface layer and RX γ grains). Each stage will be discussed following the 

sequence in which they form during solution heat-treatment.  

4.4.2 Discontinuous Cellular Recrystallization during Ramp-Up  

The first stage to be discussed occurs during the initial ramp-up and pre-solutioning 

holds before the final solutioning hold is reached, typically lasting ~12 hours. During 

this period, prior to dissolution of the γ’ phase, cellular recrystallization is seen to 

occur at the surface of highly-strained samples. Cellular recrystallization is a 

discontinuous precipitation process that occurs at and away from grain-boundaries in a 

super-saturated solid-solution and is a well-known phenomenon in Nickel-based 

superalloys that have seen large amounts of cold work imparted to their surface prior 

to solution heat-treatment [80]. Occurring at T < γ’solvus it is characterised by the 

migration of a grain-boundary into the strained matrix with a corresponding 

dissolution of γ’ precipitates at the grain-boundary followed by the discontinuous re-

precipitation of larger, blocky γ’ precipitates and TCP phases, in the newly formed 

grain. It is therefore a grain-boundary diffusion controlled process, with the growth of 

the new γ’ precipitates fed by solute from other dissolved γ’ precipitates ahead of the 

grain-boundary [79]. The driving forces of this process are complex but elimination of 

internal strain energy (created by cold-work) is the major driving force for cellular RX, 

however super-saturation and grain-boundary diffusion are also contributing factors 

[25][140].  The movement of the advancing cellular RX grain-boundary is significantly 

retarded by the presence of coherent γ’ precipitates in the strained matrix which must 
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be taken into solution (rather than the advancing boundary shearing the precipitates, 

which is less energetically favourable) before the boundary can progress further. This 

makes the growth kinetics of cellular RX significantly slower than for classical RX above 

the γ’ solvus.    

 

In single-crystal superalloys nucleation of cellular RX typically occurs at the 

energetically favourable free-surface, since there are no existing high-angled grain-

boundaries to act as preferential nucleation sites. The free-surface also corresponds to 

the highest plastically deformed region due to cold-work; therefore the driving force 

for formation is highest. The moving grain-boundary is a high-angled grain-boundary 

that is highly disordered so therefore has a much higher local solubility and diffusivity 

associated with it, compared to the surrounding matrices. This allows the moving 

grain-boundary to become super-saturated in solute from the dissolved γ’ ahead of it. 

The super-saturation of solute subsequently leads to decomposition of the single-

phase behind the grain-boundary, resulting in the formation of γ lamellae within a γ’ 

matrix. The γ lamellae form radially and perpendicular to the grain-boundary and are 

homogenously distributed, branching occurs in order to maintain spacing between γ 

lamellae [140][141]. In the case of the latest generation Nickel-based superalloys (e.g. 

CMSX-4/10N) the fraction of TCP forming refractory elements W and Re is significant. 

Subsequently, during the cellular RX process, these elements preferentially form 

coarse TCP plates within the new RX grain governed by the equilibrium composition 

and their insolubility within the γ’ matrix. It has been observed that these TCP plates 

constitute the Re/W-rich orthorhombic P-phase [142]. 
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Although cellular RX has not been directly observed in these experiments it has been 

observed by D’Souza [143] in similar experiments  on interrupted solutioning of CMSX-

10N test-bars at 1288°C, the composition of which is similar to CMSX-4 (differing by a 

higher mole-fraction of refractory elements). It can be confidently concluded therefore 

that cellular RX would form during the ramp-up stages of the solutioning of CMSX-4 

since all the necessary factors are present, i.e. highly strained surface and a 

composition that is susceptible to super-saturation and chemical instability. Compared 

to classical RX, the formation of cellular RX grains requires a significantly higher 

amount of cold work prior to solutioning [141]. This is easily the case of the test-bars 

analysed in this Chapter since they were aggressively grit blasted prior to solutioning 

however, in the case of production turbine blades, the surface strains are likely to be 

much lower since they are not grit-blast (the only imparted strain arising from 

interaction with the mould/core during casting and knock-off) and therefore the 

occurrence of cellular RX on ramp-up is unlikely. 

4.4.3 Classical Strain-Induced Recrystallization 

Classical recrystallization is the process by which stored internal strain-energy is 

relieved at high-temperatures by thermally activated dislocation movement, resulting 

in the production of new, virtually strain-free grains, of different orientation to the 

parent matrix from which they formed [81]. This process differs from cellular RX in that 

(a) it is purely driven by strain relief and (b) it does not involve super-saturation or 

discontinuous precipitation of new phases. Classical RX occurs most rapidly at 

temperatures above the γ’ solvus, where the retardation effect of precipitate pinning 

is absent, and therefore the completion of RX is usually rapid (completed within 
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60mins) [80][144]. Due to the effect of grain-boundary pinning caused by γ’ 

precipitates, the formation of RX grains initially starts in the dendrite cores where the 

finer γ’ dissolves faster than the coarser γ’ and γ/γ’ eutectic within the inter-dendritic 

regions. As these are subsequently taken into solution, the RX grain-boundaries 

coalesce at the same final depth into the substrate where all the plastically deformed 

material is consumed (Figure 4.13) [80][81][145].  

 

 
Figure 4.13(a) Schematic of the classical recrystallization process and final solutioned structure (adapted from 

[145]) (b) OM of the final solutioned surface with RX grains grown into the substrate 

Bürgel et al [141] investigated the recrystallization behaviour of several SX Nickel-

based superalloys and showed that the first new RX grain formed after only 1% plastic 

strain whilst plastic strains between 1-2% resulted in full recrystallization at the 

surface. This compares to the estimated strains of 2-3% imposed on the components 

surface due to interactions with the mould and core during casting. It was also shown 

that, in the area of RX nucleation, the γ’ must be dissolved and that a free-surface 

must be available in order to overcome the high activation energy barrier (RX within 

dendrite cores is not observed so a free-surface is a definite requirement for RX).  

 

In the case of the experiments in this Chapter, the grit-blasting of the as-cast surface 

imparts significant plastic deformation into the near-surface and this is evident by the 

200µm 
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formation of classical RX γ grains during solutioning (Figure 4.8). The RX γ grains 

observed after solutioning are directly related to the cellular RX grains, formed during 

ramp-up, since it is these cellular RX grains that transform to pure γ phase upon T > 

γ’solvus.  

The discontinuously precipitated cellular RX grains, upon exceeding the γ’solvus 

temperature, transform back to the stable equilibrium γ phase by solutioning the γ’ 

and TCP phases and redistributing this solute via bulk diffusion. It is the remaining 

strain in the near-surface region (that was not consumed by the prior cellular RX) that 

is the driving force for the continued growth of the RX γ grains into the substrate. The 

RX γ grains subsequently precipitate the fine, cuboidal γ’ phase during cooling, in an 

identical way to the rest of the substrate. 

 
Figure 4.14 Schematic diagram showing sequence of cellular RX grain transformation to classical RX and its 

subsequent growth into the substrate during solutioning (γ’ = black, γ = grey and TCPs = white) 

4.4.4 Diffusion-Induced Recrystallization of the γ’ Surface Layer  

The formation of the larger, recrystallized γ grains has so far been discussed and is 

comprised of two stages, the initial formation of smaller cellular RX grains and 

subsequent formation and growth of the larger classical RX grains. These are however 

the product of plastic deformation imparted on the surface of the as-cast test-bars by 

grit blasting, and are therefore a well-known and explained surface defect within the 

casting industry. The subsequent formation of the smaller γ’ surface layer is however 

more interesting in the context of heat-treatment since this has not been previously 

explained. Since this layer is seen to form within the RX γ grains (where they exist), 
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plastic-deformation cannot account for the driving-force of their growth since the RX 

grains are virtually strain-free by definition. Instead it seems likely that chemical 

potential, caused by a gradient in composition, is the main driving-force behind the 

nucleation and growth of the γ’ surface layer. 

 

As discussed already, there is competing elemental vaporisation and volume diffusion 

occurring in the near-surface region during solution heat-treatment, however it is 

important to note that these will only occur during solutioning since (a) the vapour 

pressures for Ni, Co and Cr are an order of magnitude lower at 1200°C compared to 

solutioning at 1312°C, implying the driving-force for vaporisation is significantly 

retarded at lower temperatures and (b) volume diffusion is temperature dependant 

and therefore only significant at higher temperatures. The combination of these two 

factors during solutioning provides a significant degree of solute diffusion and 

therefore the chemical driving-force needed for the nucleation and growth of the γ’ 

surface layer via a diffusion-induced recrystallization (DIR) process. 

 

DIR, and the related process of diffusion-induced grain-boundary migration (DIGBM), 

are solute diffusion controlled phenomena which leave an area of discontinuously 

different composition behind a moving grain-boundary caused by increased diffusion 

of solute along the grain-boundary compared to the grain interior [146]. The 

description of DIR/DIGBM is relatively simple and well understood however, the 

explanation of the driving-force(s) responsible for the grain-boundary motion (and in 

the case of DIR, the nucleation of new grains) is complex and a constant area of debate 

with conflicting proposals and evidence citing the effects of chemical potential (free-
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energy of mixing) [146][147], coherency strain ahead of the moving grain-boundary 

[148][149] and grain-boundary Kirkendall effects [150][151] for example. The 

difference between DIGBM and DIR is that in the former case, existing grain-

boundaries migrate due to solute diffusion along the boundaries leaving regions of 

different composition behind them whereas in the latter case, the process starts with 

the nucleation of new grains, of different composition, that subsequently grow in the 

same way as DIGBM. It has been shown that the nucleation of these new DIR grains 

can occur in poly-crystals as well as at the surface of single-crystals exposed to vapour, 

solid or liquid solute sources [146][152][153]. 

 

A schematic diagram in Figure 4.15 shows the typical microstructure before and after 

DIGBM annealing. The initial grain-boundary position is shown by the dotted line and 

the final position, due to DIGBM, in shown as the solid line. The area between these 

two lines is the swept region, which is alloyed with solute diffused along the 

boundaries. The shape of the migrated grain-boundaries is often observed to be S-

shaped, growing into both adjacent grains and often increasing the total grain-

boundary area whilst prolonged annealing results in the coalescence of the segments 

on each side of the initial grain-boundary. The distance each grain-boundary migrates 

is not wholly uniform throughout all boundaries, with some progressing further than 

others due to the degree of misorientation. Grain-boundary diffusivity and mobility are 

strongly affected by misorientation, with HAGB’s much more mobile than LAGB’s, 

therefore DIGBM is also strongly dependent on the degree of misorientation between 

grain-boundaries [153]. 
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Figure 4.15 Schematic diagram of the microstructure of a polycrystalline material that has undergone DIGBM 

transformation. The initial grain-boundary location is shown by the dotted-line [adapted from [153]] 

The effect of distance from the surface is also shown in Figure 4.15, as distance from 

the surface increases the lateral growth velocity reduces, before increasing again as 

the opposite face of the sample is approached. This was shown to be a result of the 

reduced concentration of solute with distance from the surface, thus the chemical 

potential for DIGBM is reduced and the grain-boundary lags behind below a certain 

depth from the surface [148]. In the case of the nucleation of new DIR grains, the 

lateral growth is also much quicker than the growth into the matrix, with grains rapidly 

impinging on each other before continued growth perpendicular to the surface.   

 

As mentioned already, the explanations of the driving-force behind DIGBM and DIR is a 

controversial one but it is key to understanding the process and how it relates to the 

formation of the γ’ surface layer seen after solutioning in this Chapter. In recent years 

there has been a general consensus that the main driving-force for DIGBM/DIR is the 

coupling of chemical potential with coherency stress energy during diffusion along 

grain-boundaries however, grain-boundary misorientation is also an influencing factor 

since it affects the diffusivity and mobility of the boundary, both of which effect solute 

diffusion [154]. Diffusional coherency strain arises due to changes in the lattice 

parameter with composition. As the solute diffuses along the grain-boundary due to 
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chemical potential, there is some lattice diffusion of the solute into the adjacent grain 

resulting in the creation of a stress-field within the first few atomic layers ahead of the 

grain-boundary and a net force pulling it forwards (Figure 4.16).   

 
Figure 4.16 Diagram of the mechanism of DIGBM induced by grain-boundary diffusion of solute. A thin, inter-

diffusion area exists ahead of the moving GB which is stressed due to size mismatch between A & B atoms 
(adapted from [155])  

It has been shown [156][157][158] that the nucleation of DIR grains at the surface of a 

SX sample exposed to a suitable solute source occurs in a similar manner to the 

production of new grains during plastic deformation induced classical recrystallization, 

except that it is misfit strain from solute diffusion rather than cold-work that is the 

driving-force. The diffusion of solute creates lattice strain and therefore misfit 

dislocations which, given sufficient annealing temperature and time, rearrange to form 

new grain boundaries. The work by den Broeder [157] showed that the formation of 

DIR grains was only possible at higher temperatures and solute concentrations than for 

pure DIGBM, indicating that these are a pre-requisite in order to overcome the high 

nucleation energy associated with the formation of new grain-boundaries. Clearly 

therefore, in the case of the results presented in this Chapter, the solutioning at 

1312°C for 8 hours is sufficiently hot/long enough to allow the nucleation of DIR grains.  
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It was initially believed that, since DIGBM is a grain-boundary diffusion controlled 

phenomenon, volume diffusion must be disabled in order for DIGBM/DIR to occur, 

however this has been shown not to be the case, in fact DIGBM has been observed in 

examples where volume diffusion is significant [159][160][161] and in fact the 

coherency strain model requires volume diffusion to be active in order to create a 

strained layer ahead of the grain-boundary. Clearly, at the solutioning temperatures 

involved in the heat-treatment of Nickel-based superalloys, the action of volume 

diffusion is enhanced (since this is the purpose of solutioning). Volume diffusion also 

acts to replenish the lost material evaporating from the surface, if the rate of mass loss 

from the surface was equal to that replenished via volume diffusion then it could be 

assumed that little or no chemical potential existed, and therefore DIR would not 

occur. Clearly this is not the case, therefore the mass loss due to evaporation must be 

greater than the mass replenished by volume diffusion, in order to account for the 

creation of the γ’ surface layer.  

 

The coherency strain model that drives DIGBM does not however suitably explain the 

driving-force for the formation of the γ’ grains in the case of chemical potential arising 

from material evaporating from the surface. This is because, during evaporation, the 

diffusion of material is effectively occurring in reverse, removing material via grain-

boundaries rather than supplying it. There is no reason therefore for solute atoms to 

be placed ahead of the migrating grain-boundary rather they should be going in the 

opposite direction, towards the surface. Instead, it is the difference in the rates of 

diffusion of elements that induces stress within the matrix [162][163][164] and 

provides the driving-force for the growth of the γ’ grains by the Kirkendall effect. The 
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Kirkendall effect arises due to the non-reciprocal diffusion of elements and 

compensating diffusion of vacancies within the matrix in the presence of a chemical 

potential and has been previously advocated as an additional way to explain the 

driving-force behind DIGBM [165]. During substitutional diffusion, vacancies 

preferentially exchange with the faster diffusing atoms, resulting in a net vacancy flux 

from the slower diffusing atoms side to the faster (and the possible creation of 

porosity if the vacancies coalesce, see Figure 4.17(a)). They are also injected to, or 

eliminated from, the solid at vacancy sources and sinks in order to maintain their 

thermodynamic equilibrium mole fraction. Grain-boundaries and free-surfaces can act 

as both sources and sinks for vacancies during diffusion, with the region that is super-

saturated in vacancies being compressed, due to vacancy elimination and the 

associated reduction in volume, whilst the region that is depleted of vacancies 

experiences tensile stresses [166]. In a constrained sample, i.e. a large bulk specimen, 

these stresses can be high enough to create dislocations and initiate recrystallization.  

 
Figure 4.17 (a) Schematic representation of the Kirkendall effect. The diffusion coefficient of metal A is greater 

than for metal B resulting in the net flux of vacancies, jv, towards metal A and the production of a porosity zone 
[adapted from [162]] (b) Representation of the diffusion and evaporation fluxes from the surface of an A(B) alloy 

in the presence of a vacuum. Both the diffusion coefficient and vapour pressure of A is greater than that for B 

For the results presented in this Chapter, this mechanism of vacancy and atomic fluxes 

is made more complicated by the fact that it is not a simple binary diffusion-couple, 

but rather there is a net flux of atoms both out from the material surface (evaporation) 
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and towards the surface (volume diffusion), as well as an associated flux of vacancies 

into the substrate. This is represented in Figure 4.17(b) and is similar to the way in 

which inter-diffusion occurs between the bond-coat and thermally-grown oxide on 

Nickel-based superalloys, and the associated stresses that result [167][168]. The SEM 

analysis of the upper part of the γ’ surface layer (Figure 4.6) has identified the 

existence of Kirkendall-like porosity. Clearly for the Nickel-based superalloys alloy, the 

large number of alloying elements, their varying diffusion coefficients and vapour 

pressures makes this scenario significantly more complex than a simple binary system. 

It is the stresses induced in the surface region during non-reciprocal diffusion, arising 

from competing surface evaporation and volume diffusion, which creates the driving-

force for the recrystallization and growth of the γ’ surface layer. At the same time it is 

the net loss of γ stabilising elements due to surface evaporation that results in the 

phase transformation to γ’ and creates the chemical potential for diffusion, and hence 

recrystallization and growth, to occur.  

 

Finally, there is also the competing process of oxidation to consider. During solutioning 

there is the selective oxidation of Al to form a surface layer of Al2O3, which acts to 

deplete Al from the surface and prevent the formation of the γ’ layer. However the 

growth kinetics of Al2O3 is very slow (made slower by the reduced PO2 within the heat-

treatment furnace) therefore there is an initial period where surface evaporation can 

occur at ease, with no oxide to act as a barrier. The results from the pre-oxidised 

sample showed that, by growing a dense barrier layer of Al2O3 prior to solutioning, the 

formation of the γ’ layer can be precluded. This also shows that it is the evaporation of 
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material from the test-bar surface that is the root-cause of the formation of the 

polycrystalline γ’ surface layer. 

4.4.5 Discontinuous Precipitation during Subsequent Ageing 

It is observed from the solutioned-only samples (Figure 4.8) that the characteristic 

discontinuous precipitation (DP) reaction between the γ RX grains, the γ’ surface grains 

and the substrate is a product of the ageing heat-treatment. This is because 

discontinuous precipitation is a grain-boundary diffusion controlled process and 

therefore occurs at lower temperatures, where volume diffusion is either locked out or 

sufficiently retarded. The driving-force for DP reactions is typically solute super-

saturation within the grain-boundary and therefore it can be concluded that the grain-

boundaries of the γ RX grains as well as the γ’ surface layer must be super-saturated in 

the quenched condition after solutioning. This adds further evidence to the arguments 

made in Section 4.4.4 where non-reciprocal diffusion during solutioning was the root-

cause of the recrystallization and growth of the γ’ surface layer. At the solutioning 

temperatures, volume diffusion is prevalent however, grain-boundary diffusion will 

also act as short-circuit pathways, enhancing the diffusion of material to the surface. 

When the test-bars are quenched at the end of solutioning, the solute is frozen into 

the grain-boundary and during subsequent ageing heat-treatments, results in the DP 

reaction. The DP reaction is a transformation of the equilibrium γmatrix + γ’ phases into 

a γ’matrix + γlamellae + TCPs and suggests that the grain-boundaries are super-saturated in 

γ’ forming elements during solutioning. This is a logical conclusion since the volume 

diffusion coefficient of Al in Ni is the highest of all the alloying elements and therefore 

the grain-boundary diffusion coefficient would also be high. 
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4.5 Conclusions 

Because the surface scale oxides are thin and porous they are non-protective and 

prone to spallation. During subsequent solution heat-treatment, the scaled surface of 

the casting is fully exposed to the furnace atmosphere which is held at vacuum on 

ramp-up and at low PO2 during solutioning. This situation has been represented in this 

Chapter by the use of grit blasted test-bars, mimicking the exposed scale surface. 

During ramp-up, the plastic deformation that was imparted to the surface during grit-

blasting causes recrystallization to occur, initially via cellular RX and upon exceeding 

the γ’ solidus temperature, via classical RX. During this time oxidation of the surface 

will be extremely slow due to the high-vacuum (thus low PO2) level used during ramp-

up. Upon reaching solutioning temperature and due to the relatively high vapour 

pressures of key γ phase stabilisers, Ni, Co and Cr, the surface region is destabilised 

resulting in the transformation of the equilibrium γ phase to the non-equilibrium γ’ 

phase and the associated precipitation of TCPs. The nucleation and growth of the γ’ 

surface grains is driven by the competing vaporisation of material and volume/grain-

boundary diffusion giving rise to non-reciprocal diffusion and induced stresses due to 

the Kirkendall effect. It is this transformation of the surface to the γ’ phase which 

constitutes the Surface Melt Blister defect. 

 

At the same time as evaporation is occurring, selective oxidation of Al will occur, but at 

a significantly slower rate due to the low PO2, making the formation of a protective 

barrier against vaporisation a slow process. The outcomes of this investigation are that 

the current heat-treatment thinking is incomplete and that the effects of evaporation 
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during solutioning must be considered, in parallel to the effects of oxidation. The use 

of high vacuum and low-PO2 heat-treatment atmospheres is clearly detrimental to the 

surface microstructure, in the same way as is excessive oxidation. The results from the 

pre-oxidation of the casting indicate that the prevention of evaporation, and therefore 

the formation of the γ’ surface layer/surface melt blister, is achievable by the relatively 

easy method of pre-oxidising the as-cast component, in air, prior to solutioning and 

that this does not result in any discernible reduction in the volume fraction of the 

strengthening γ’ phase after solutioning. 

 

However, the degree of evaporation from the surface during solutioning has yet to be 

investigated in great detail. The microstructural evidence presented in this Chapter 

shows that evaporation is occurring and that it favours the formation of the γ’ phase, 

therefore elements such as Ni, Co and Cr must be lost via evaporation to a greater 

extent than Al. It is the aim of the next Chapter to investigate the surface evaporation 

in more detail, including the resultant variations in thermodynamic phase stability and 

the analysis of condensate using cold-trap type experiments.  
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Chapter 5. Elemental Evaporation from the Scaled Casting 

Surface during Solution Heat-Treatment  

5.1 Introduction 

As has been discussed in the previous Chapters, during casting of SX Nickel-based 

superalloys there is oxidation of the surface in areas where mould-metal separation 

has occurred which is defined as the ‘Scaled’ areas. The Surface Scale oxide has been 

shown to constitute a thin, porous oxide of predominantly NiO whilst the rest of the 

blade surface (defined as ‘Unscaled’) is covered in a thicker, dense layer of Al2O3, 

which is the product of a mould-metal reaction. These two types of oxides remain on 

the surface of the casting and during subsequent solution heat-treatment it is the 

scaled areas that exhibit the surface melting defect known as ‘Melt Blisters’. In Chapter 

4 the link between the scaled areas porous and unprotective NiO surface layer and the 

evaporative loss of γ phase stabilisers (namely Ni, Cr and Co) was shown to be the 

cause of the formation of the melt blister defect and its associated microstructural 

instabilities. In that Chapter it was assumed that, due to their relatively high vapour 

pressures into vacuum, it was the evaporation of only Ni, Cr and Co that was of 

concern, since it is observed that the surface transforms into the γ’ phase. However, it 

must be noted that Al (the key γ’ phase former) is characterised as also having a very 

high vapour pressure and therefore this must also be considered. This Chapter 

therefore focuses on examining the elemental evaporation in greater detail by using 

thermodynamic phase modelling software (Thermo-Calc) to examine the phase 

transformations that occur in response to key composition changes, brought about by 
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surface evaporation. Additionally, an experiment to trap and analyse the evaporated 

material, via a cold-trap type experiment, will also be discussed as this provides the 

key evidence that elemental surface evaporation is occurring during solution heat-

treatment. 

 

Evaporation (or sublimation) during heat-treatment of Nickel-based superalloys is a 

little known phenomenon and thus does not feature in the literature, however the 

effects of evaporation on oxidation resistance and growth kinetics has been studied 

extensively, most notably for the evaporation of Cr and its oxides during high-

temperature operation. The decomposition of Cr2O3 to CrO3 (which then evaporates) 

at high-temperatures, oxygen partial-pressures and gas flows has put a limit on the 

suitability of Cr2O3 protective oxide forming alloys to below 1000°C and lead to the 

introduction of Al2O3 forming superalloys for higher temperature applications 

[5][92][97][169][170]. In addition, the vapour pressures of pure inorganic substances 

(e.g. metals and their oxides) are well researched and listed in reference texts such as 

the following by Knacke et al and Alcock [126][138]. These were used extensively in 

this Chapter to approximate the mass loss of each element during solutioning. 

5.2 Experimental Methods 

As in the previous Chapters, the Nickel-based superalloy CMSX-4 was considered in 

this Chapter. The nominal composition in wt.% and mole fraction is given in Table 5.1. 
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CMSX-4 Al Co Cr Ti Mo Ta W Re Ni 

wt.% 5.8 9.5 6.5 1.1 0.6 6.5 6.5 3 Bal 

Mole fraction 0.13 0.1 0.08 0.01 0.004 0.02 0.02 0.01 0.63 

Table 5.1 Nominal composition and mole fraction of alloying elements in the Nickel-based superalloy CMSX-4 

5.2.1 Investment Casting and Heat-Treatment 

For this study, identical cylindrical test-bars (10mm OD x 60mm H) from the previous 

Chapter were considered. These were cast using the methods described in Chapter 3 

at the Precision Casting Facility, Rolls-Royce plc in Derby. As with the previous Chapter, 

after casting the test-bars were grit blasted with Al2O3 media to remove all surface 

oxides (both surface scale and the unscaled Al2O3).  

 

These were subsequently solution heat-treated by standard industrial practices within 

the heat-treatment furnace at the University of Birmingham’s School of Metallurgy and 

Materials (Figure 5.1(a)). The test-bars were positioned inside alumina crucibles in 

order to trap and condense the evaporated material on the surface of the crucible 

(Figure 5.1(b)). After ramping, the samples were solutioned at 1305°C for 8 hours and 

then rapid gas fan quenched using Argon gas. The solutioning temperature was 

reduced from the standard 1312°C to 1305°C due to concerns of over-heating the 

sample and incipiently melting the surface. During initial ramp up the furnace is held at 

a vacuum of 10-7 atm, beyond 1140°C the vacuum diffusion pump is switched off and 

Ar gas is continuously bled in with a partial pressure of PAr = 10-4 atm.  
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Figure 5.1 (a) University of Birmingham's solution heat-treatment furnace (b) solutioned test-bar inside the 
alumina crucibles used to trap the evaporated material on its interior surface, these were subsequently analysed 

5.2.2 Scanning Electron Microscopy (SEM) and Focused Ion-Beam 

(FIB) 

The as-cast test-bar surfaces were initially analysed with an Olympus BX51 optical 

microscope at various magnifications to ensure that the surface was free of any 

eutectic or oxides and that the γ’ surface layer occurs during solutioning and not 

casting, this surface is shown in Figure 4.3. Transverse aerofoil cross-sections were cut 

using a diamond tipped rotary bench saw before being mounted in conducting Bakelite 

resin and progressively polished with grit/SiC papers followed by a final 1/4m 

diamond polish for metallographic examination. Where necessary, samples were 

etched with a Nimonic etchant of 50ml HNO3, 200ml HCl, 12.5g CuCl2 and 12.5g FeCl2 

made up to 500ml with distilled water.  

 

SEM/EDX was performed to examine the surface of the solutioned test-bar to ensure 

that the γ’ layer had evolved. Back-scattered electron imaging (BSI) and Secondary 

electron imaging (SEI) were performed at a working distance (WD) of 5mm, spot size 5 

and an accelerating voltage of 15-20kV.  

A B 
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The Dual-beam SEM/FIB at the University of Loughborough was used to conduct 

microstructural and compositional analyses of the alumina boat surface. This system 

was used due to its ability to mill trenches in the sample surface, using the ion beam, 

to allow the examination of the surface cross-section and, coupled with the EDX 

detector, to produce elemental maps of the condensate deposits. 

 

Where an SEM uses a beam of electrons, a FIB uses a beam of ions instead. The ion 

source is typically liquid metal gallium, surrounding a tungsten needle pointing 

towards a negatively charged aperture. By applying a large electric field (> 108 V/cm) to 

the wetted needle tip, the formation of a Taylor’s cone (of radius ~10nm) is achieved, 

from which field emission of the ions occurs. The ions are then accelerated, collimated 

and focused on to the sample by a series of apertures and electrostatic lenses in a 

similar manner to electron microscopes [171][172]. When the Ga ion beam leaves the 

beam column, it impacts the sample surface and sputters off ions or secondary 

electrons (as well as some neutral atoms), which can be used to form an image by 

rastering the beam across the sample.  

 

In addition to forming an image, the FIB can be used to mill material away from the 

sample. At high beam currents the Ga ion beam will sputter a larger amount of 

material, allowing for precise milling of the sample surface whilst the addition of 

halogen gases, such as Cl2, to the near-surface can be used to enhance the etch rate. 

The FIB can conversely be used to deposit metal or insulators onto the sample surface 
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by a combination of a suitable deposit-carrying gas and the rastered ion beam. 

Typically a needle is manoeuvred close to the sample (~100-200µm), through which a 

gas such as W(CO)6 (for W deposition) or C7H17Pt (for Pt deposition) is injected. Where 

the gas and the ion beam interact on the sample surface, the gas decomposes, leaving 

a deposit on the surface and the by-product gas which is extracted via the vacuum 

pump [173].  

 

The FIB operates at a beam voltage of 20kV and nominal current of 24nA. The EDX 

detector used was an EDAX Apollo XL Silicon Drift Detector (SDD) operating at a 

voltage of 10kV, current 2.3nA and WD of 5mm. The SEI were acquired at an operating 

voltage of 10kV to avoid charging/damage of the sample surface. 

5.2.3 Thermo-Calc Phase Calculations 

The CALculation of PHAse Diagrams (CALPHAD) software package Thermo-Calc was 

used to determine the phase evolution at the surface of the test-bar during 

solutioning, assuming key values of elemental loss. The first stage was to estimate the 

elemental losses by using vapour pressure thermodynamic data [138], Raoult’s law and 

the Langmuir equation [139][174], however this considers evaporation into vacuum 

but solutioning occurs under an Ar partial pressure atmosphere so percentages of the 

total Langmuir loss were considered to compensate (the following notation is used to 

express the percentage of total Langmuir loss, X %Langmuir). From the microstructural 

analysis in Chapter 4, it can be concluded that the γ’ surface layer is ~20µm thick and 

therefore it is assumed for this study that the evaporative losses occur only from this 
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volume of surface material, allowing the total mass loss of each element from this 

volume to be calculated. 

 

In order to simplify the calculations only Ni, Co and Cr evaporative losses were 

considered. These elements were chosen due to their relatively high vapour pressures 

and importance for the thermodynamic stability of the γ phase, i.e for the γ’ phase to 

evolve these elements must be depleted. Likewise, aluminium losses were not 

considered due to the fact that the surface region is characterised as a transformation 

of γ  γ’ and therefore it is only through the loss of Ni, Co and Cr that this can be 

achieved. The refractory elements are especially not considered in these calculations 

since their depletion does not cause a γ  γ’ transformation and they are known to be 

very slow diffusers.  

 

With the mass loss of each element estimated from the Langmuir equation, the 

composition of the surface layer is re-calculated and this is used as the starting point 

for the Thermo-Calc simulations. The Nickel-based superalloy Thermo-Calc database 

‘NiDat v7’ was used and the equilibrium phase diagram calculated, plotting 

temperature on the x-axis and mole fraction of each stable phase on the y-axis, for 

each composition considered. The compositions considered are shown in Table 5.2 

based on fractional losses of the total Langmuir loss to vacuum (Note: Cr losses were 

held at 0.5%Langmuir, due to the high vapour losses of Cr. Any higher percentages 

result in a negative mass within the 20µm surface layer). 
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Compositions 

(wt.%) 
Ni Al Co Cr Ti Mo Ta W Re 

Nominal 60.5 5.8 9.5 6.5 1.1 0.6 6.5 6.5 3 

NiO+Cr2O3 

Losses 
60.53 5.95 9.75 5.62 1.13 0.62 6.67 6.67 3.08 

20%Langmuir 50.25 9.77 6.47 3.7 1.85 1.01 10.95 10.95 5.05 

15%Langmuir 54.78 8.47 7.68 3.21 1.61 0.88 9.5 9.5 4.38 

10%Langmuir 58.25 7.48 8.61 2.83 1.42 0.77 8.38 8.38 3.87 

8%Langmuir 59.43 7.15 8.92 2.7 1.36 0.74 8.01 8.01 3.7 

5%Langmuir 61.0 6.7 9.34 2.53 1.27 0.69 7.5 7.5 3.46 
Table 5.2 Calculated compositions (wt.%) within 20µm surface layer following Ni and Co vapour losses of varying 
fractions of the total Langmuir loss to vacuum. Cr is maintained at 0.5%Langmuir. The composition due to mass 

losses of Ni and Cr to form oxides 0.5µm thick are also considered 

For the compositions where liquid was predicted to occur at the solutioning 

temperature of 1312°C, the Scheil solidification model (i.e. no diffusion in the solid and 

complete mixing in the liquid) was used to simulate the quench process after 

solutioning of that liquid, in order to predict the final phase fractions. However, since 

freezing eventually terminates with a limited degree of back-diffusion of solute, phase 

fractions were taken when the remnant liquid fraction reaches 10%. The following 

steps were used to combine the equilibrium and Scheil condition predicted phase 

fractions: 

i. Calculate the equilibrium phase fractions at 1312°C using the composition in 

Table 5.2. Note down the mole fraction composition of each predicted phase. 

ii. Where there is liquid predicted, the liquid composition is modelled using the 

Scheil condition (to simulate quenching of this liquid). The phase fractions at 

10% remaining liquid are noted down and a compensating multiplication factor 

is applied to bring the total to 1 (i.e. ignoring the 10% remaining liquid). An 

additional multiplication factor is then applied to each predicted phase to 

account for the initial liquid phase fraction calculated in part (i). 
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iii. The equilibrium model is used to calculate the phase fractions upon cooling of 

each of the solid phases predicted in part (i). The temperature corresponding to 

the 10% remaining liquid in part (ii) is used as the temperature at which these 

phase fractions are taken. A multiplication factor is also applied to the 

predicted solid phases to account for the initial solid phase fractions predicted 

in part (i). 

iv. The calculated final equilibrium and scheil solid phases are all combined to give 

the quenched phase fractions (which total 100%).    

For comparison with the vapour loss simulations, the mass losses of Ni and Cr due to 

the formation of their oxides (NiO and Cr2O3) during solutioning were also considered. 

This was achieved by calculating the masses of Ni and Cr within a NiO/Cr2O3 dual-oxide 

each of 0.5µm thickness (this is the thickness of the surface scale layer seen in Chapter 

3) and re-calculating the composition within the 20µm surface layer using the same 

methodology as the vapour losses. Only Ni and Cr losses were considered in this 

scenario, all other elements remain as nominal composition. This composition is also 

shown in Table 5.2. 

5.3 Results  

5.3.1 SEM Analysis of the Solutioned Test-Bar Surface 

The heat-treated test-bar surface was analysed to ensure that the γ’ layer had evolved 

and to investigate the silvery deposits identified after solutioning at each end of the 

test-bar, adjacent to similar silvery deposits found on the end of the Al2O3 crucible 

(especially around the hole seen in Figure 5.2).  
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Figure 5.2 Image of the heat-treated test-bar sat inside the top half of the Al2O3 crucible. Around the crucible 

edges are silvery deposits whilst the rest of the crucible remains white 

Centre-sections of the test-bar were cut and polished for OM examination (Figure 5.3) 

and these show that the γ’ surface layer (~10µm thick) has evolved as expected during 

the solution heat-treatment, as have the γ RX grains below (due to the grit-blasting). 

 
Figure 5.3 OM of the central portion of the solutioned test-bar surface. The evolution of the γ’ surface layer is 

evident, as are the γ RX grains below 

The end-sections of the test-bar were cut, polished and examined in a similar manner 

and the surface microstructure is drastically different. There is evidence of metallic 

deposits (~100µm thick) on the top of the test-bar surface and significant 

microstructural instability to a depth of ~100µm below the original surface as a result 

of these deposits. 
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Figure 5.4 OM of the end of the solutioned test-bar. Cross-section shows the silvery deposits seen in Figure 5.2 

SEM was subsequently used to investigate these surfaces in greater detail. The central 

portion of the solutioned test-bar surface is shown in Figure 5.5 and shows that this 

region is identical in nature to the γ’ surface layer seen in the previous Chapter. It’s 

thickness ranges from 10-20µm and there are occasional, distinct particles of W,Re rich 

TCP phases, nucleating at the border with the γ RX grains below and growing into the 

γ’ surface layer. 

 
Figure 5.5 BSI of the central portion of the solutioned test-bar surface showing the typical γ’ surface layer + TCPs 

and γ RX grains below 
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The silvery surface deposits found at the end of the test-bar were investigated using 

SEI and BSI coupled with EDX. The deposits form a continuous, thick ~100µm layer 

around the perimeter of most of the test-bar as shown in Figure 5.6. The dark area 

above the deposit is found to be Al2O3 and can be seen in Figure 5.7 in black, growing 

between deposits. 

 
Figure 5.6 SEI of the end of the test-bar. Cross-section showing the silvery deposits above the original surface 

However, in some areas the deposits are discontinuous and slightly thinner (~50µm) 

and a γ’ surface layer is evident below; this is shown in Figure 5.7 using Back-scatter to 

highlight the γ’ layer. Using Backscattered imaging also makes the TCP precipitates 

stand-out (white) within this region. EDX spectra were collected from the upper silvery 

deposit and the bulk in Figure 5.7 for comparison and this is shown in Figure 5.8. This 

shows that the deposit is metallic in nature, with substantially higher amounts of Ni 

and Al than the bulk, and the lack of an oxygen peak confirms that this is not an oxide. 
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Figure 5.7 BSI of the end of the test-bar. Cross-section showing the silvery deposits above the γ’ surface layer. 

EDX spectrum locals are highlighted by dotted line for Figure 5.8 

 

Figure 5.8 EDX spectra collected at 15kV from the upper silvery deposit and compared to the bulk 

5.3.2 FIB/SEM Analysis of the Solutioned Alumina Crucible Surface 

The heat-treated Al2O3 crucible is shown in Figure 5.2 with grey/silvery deposits 

evident over the surfaces near the hole and edges on both the top and bottom halves 

of the crucible. This is in contrast to the original crucible surfaces which are pure white. 
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The top and base of the crucibles have remained white throughout the heat-

treatment. These two areas (grey and white) were analysed using the dual-beam 

FIB/SEM in order to look at the cross-section of each areas surface microstructure. 

Figure 5.9(a) is an SEI of the white area of the crucible and the surface is relatively 

smooth compared to the grey area shown in Figure 5.9(b). A close-up of the grey area 

is shown in Figure 5.10 and details the blocky, finer-grained nature of the surface 

microstructure. This equiaxed, polyhedral microstructure is characteristic of the high-

temperature vapour deposition of metals [175].  

 
Figure 5.9 SEI of the heat-treated crucible surface (a) white area and (b) grey area 

 
Figure 5.10 Close-up of the blocky deposits found in the grey area of the heat-treated crucible surface 
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A vertical trench was subsequently milled into the surface of the grey area using the 

Ga ion beam, the stage tilted to 52° and SEI performed of the milled cross-section. This 

is shown in Figure 5.11(a-b). The cross-section shows that the blocky grained surface 

microstructure is comprised of distinct particles that sit on top of the Al2O3 crucible 

substrate. (Note: (a) is an SEI conducted and 3kV and (b) is an SEI at 20kV to show that 

the band seen in (b) below the metal deposits is in fact a charging effect within the 

Al2O3 substrate as a result of the 20kV accelerating voltage). 

 
Figure 5.11 Grey area of the heat-treated crucible surface (a) 3kV and (b) 20kV SEI of the surface cross-section 

Following the SEI, Ion beam imaging was performed as this gives contrast based on 

conductivity of the material and can therefore be used to distinguish between metallic 

and ceramic layers, this is shown in Figure 5.12. 

A B 
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Figure 5.12 FIB image showing the milled cross-section face with metal deposits on top of the Al2O3 substrate 

This image shows the Pt layer (highlighted by the dotted line for clarity) sitting on top 

of the blocky particles, which are in turn sitting on top of the Al2O3 substrate (which 

appears black). The particles are metallic in nature and appear embedded within the 

Al2O3 substrate. In order to ascertain the composition of these particles, and therefore 

gain insight on their provenance, EDX mapping was performed of the milled cross-

section and these are shown in Figure 5.13(a-f) for the elements Al, Co, Ni, O and Pt. 

To complement the maps, spot spectra were collected from the interior of one of the 

blocky particles and from the Al2O3 surrounding it for comparison (Figure 5.14). 
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Figure 5.13 EDX 10kV maps of the grey area cross-section (a) 20kV SEI (b) Al (c) Co (d) Ni (e) O (f) Pt 

 
Figure 5.14 EDX point spectra (10kV) from the Ni,Co particles and the Al2O3 area surrounding them. Ga and Pt 

peaks are present due to contamination from the Ga ion beam and Pt deposit respectively 

From the ion beam image in Figure 5.12 and the EDX maps/spectra it is possible to 

conclude that the particles are neither spalled oxide from the test-bar surface that 

have fallen onto the crucible during solution heat-treatment, nor are they simple 

oxides of Ni, Co or Al. The particles are strong in Ni and Co, with some trace of Al and 

O, and can only originate from the test-bar alloy therefore this provides the conclusive 
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evidence that evaporation occurs during solutioning from the un-protected surface 

(i.e. the scaled areas as opposed to the unscaled areas) of Nickel-based superalloys. 

 

In contrast to the grey areas, the white portions of the crucible show no signs of 

collecting any metallic condensate. The SEI in Figure 5.15(a) shows the white surface 

area where the FIB was used to mill a trench whilst Figure 5.15(b) shows the ion beam 

image of that cross-section. The Pt deposit is clearly sitting above the dark Al2O3 with 

no condensates sandwiched between them. 

 
Figure 5.15 White area cross-section of the heat-treated crucible surface (a) 10kV SEI and (b) Ion beam image  

5.3.3 Thermodynamic Modelling of the Surface Phase Instability 

The phase evolution due to evaporative losses of Ni, Co and Cr was calculated in 

Thermo-Calc using the compositions in Table 5.2 and the calculated phase transition 

temperatures are show below in Table 5.3.  

Fractions of 

Langmuir loss 

Nominal 

Composition 

NiO + 

Cr2O3 

losses 

5% 

Ni,Co 

(0.5% Cr) 

8% 

Ni,Co 

(0.5% Cr) 

10% 

Ni,Co 

(0.5% Cr) 

15% 

Ni,Co 

(0.5% Cr) 

20% 

Ni,Co 

(0.5% Cr) 

Liquidus °C 1369 1371 1374 1362 1382 1464 1559 

Solidus °C 1329 1331 1331 1314 1298 1263 1241 

γ’ Solvus °C 1260 1276 1331 1329 1324 1311 1272 

Table 5.3 Calculated transition temperatures using Thermo-Calc (Equilibrium condition) for fractions of Langmuir 
loss, as well as NiO+Cr2O3 losses and nominal composition for comparison 
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The solutioning temperature of 1312°C corresponds to the γ phase region for the 

nominal composition, where γ’ completely dissolves. This is shown in Table 5.3 

however, it is clear that this is not the case for Ni,Co losses between 5 – 10% Langmuir 

(Cr 0.5% Langmuir) since the γ’ solvus temperature is higher than 1312°C and there is 

between 26.4 – 44% γ’ phase predicted at 1312°C. There is also a corresponding 

increase in the liquidus temperature and a decrease in the solidus, with incipient 

melting predicted above 8% Ni,Co Langmuir losses (corresponding to 0.04g and 0.006g 

respectively) and 0.5% Cr Langmuir loss (0.003g). 

Fractions of 
Langmuir loss 

Nominal 
Composition 

NiO + 
Cr2O3 
losses 

5% 
Ni,Co 

(0.5% Cr) 

8% 
Ni,Co 

(0.5% Cr) 

10% 
Ni,Co 

(0.5% Cr) 

15% 
Ni,Co 

(0.5% Cr) 

20% 
Ni,Co 

(0.5% Cr) 

Phases at 
1312°C 

(equilibrium 
condition) 

γ 

(100%) 
γ 

(100%) 

γ 

(73.6%) 
γ’ 

(26.4%) 

γ 
(58%) 

γ’ 
(41.2%) 
σ (8%) 

Liquid 
(19%) 

γ’ 
(44%) 

γ 
(35%) 
σ (2%) 

Liquid 
(87%) 

γ’ 
(11%) 
σ (2%) 

Liquid 
(65.9%) 

NiAl (29.4%) 
σ (3.8%) 
BCC_A2 
(0.9%) 

Phases after 
quench 

(Scheil+Eqlb 
conditions) 

n/a n/a n/a n/a 

At 1195°C 
γ’ 

(79%) 
γ 

(17%) 
σ (2%) 

NiAl (1%) 
P (1%) 

At 1214°C 
γ’ 

(56.4%) 
γ 

(21.2%) 
NiAl (20%) 
σ (2.4%) 

At 1173°C 
γ 

(24.8%) 
γ’ 

(23%) 
NiAl (47%) 
σ (4.2%) 

BCC_A2 (1%) 

        

Equilibrium phases for nominal composition of CMSX-4 alloy 

At 1195°C 
γ 

(72%) 
γ’ 

(28%) 
 

At 1214°C 
γ 

(78%) 
γ’ 

(22%) 
 

At 1173°C 
γ 

(64.9%) 
γ’ 

(34.8%) 
P (0.3%) 

 
Table 5.4 Phases (mole %) calculated at 1312°C solution and after quench. Scheil condition applied to liquid 
fraction at 1312°C to ascertain final solidified phases. Nominal composition phases shown for comparison 

From Table 5.4 the occurrence of incipient melting is clear as is the reduction in the 

fraction of the γ phase, with the gradual increase in the γ’ phase fraction. However, as 

the Langmuir losses of Ni,Co exceed 10%, the liquid fraction becomes greater at the 

expense of the γ’ phase. As a result of the enrichment of Al and the refractory 
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elements W, Ta and Re there is an increasing fraction of TCP phases (like the σ-phase) 

and the occurrence of NiAl and minor amounts of BCC_A2 (a disordered BCC phase 

[176]). It is the formation of the intermetallic TCP phases and NiAl that are responsible 

for the increase in the liquidus temperature due to their high melting points. The 

solidus temperature is conversely lowered due to the de-stabilisation of the γ phase. 

 

Where liquid is predicted at 1312°C, the Scheil model was used to calculate the phase 

fractions that would evolve upon quenching and it is seen that with increasing losses of 

Ni and Co (and 0.5% Langmuir Cr) there is a greater fraction of TCP phases like P and σ, 

as well as NiAl and minor amounts of BCC_A2. The final fraction of the γ’ phase is also 

typically higher than that predicted using the nominal composition, with significantly 

reduced fractions of the γ phase.  

 

Upon quenching, it can be seen from the equilibrium phase diagrams in Figure 5.16(a-

b) that those compositions with no predicted liquid phase at 1312°C (5% and 8% Ni,Co 

Langmuir loss) will precipitate out the γ’ phase as well as minor amounts of TCPs (P 

and µ). These phase diagrams also show how the γ phase, in contrast to the γ’ phase, 

becomes decreasingly stable at 1312°C eventually disappearing by 15% Langmuir loss.  
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Figure 5.16 Phase evolution of the surface layer calculated using Thermo-Calc for elemental vapour losses (a) 5% 

Langmuir Ni, Co loss (b) 8% Langmuir Ni, Co loss (c) 10% Langmuir Ni, Co loss (d) 15% Langmuir Ni, Co loss. Cr 
losses are at 0.5% Langmuir in (a)-(d) 

It is worth noting however that the existence of the NiAl or BCC_A2 phases are not 

observed in the microstructural analysis of the γ’ surface layer. In the case of NiAl, this 

is most likely due to the assumption that only Ni, Co and Cr losses are considered and 

that diffusion interactions with the matrix are ignored, therefore the mass losses are 

likely not as severe as the scenario’s above 10% Langmuir loss. In the case of BCC_A2, 

this phase is not typically observed in Nickel-based superalloys, and considering the 

low predicted fractions (~1%), this is likely due to instabilities in the Thermo-Calc 

predictions.  

 

For comparison, the phase fractions at 1312°C as a result of the compositional changes 

due to the formation of a NiO/Cr2O3 dual-oxide layer (each 0.5µm thick) are also 
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shown in Table 5.4. The formation of the dual-oxide layer results in the depletion of 

0.0049g of Ni and 0.0034g of Cr from the 20µm surface layer; which equates to 2.5% 

and 15.8% mass losses respectively. This emphasises that the mass losses due to 

oxidation of Ni and Cr are insufficient to produce any γ’ surface layer, therefore this 

transformation is not an oxidation related process. 

5.4 Discussion 

5.4.1 Surface Evaporation during Solution Heat-Treatment 

It has been shown in Chapter 4 that the vapour pressures of Ni, Cr and Co are relatively 

high (with Cr and Ni higher than Co) and that elemental vaporisation from the bare 

alloy surface is thermodynamically possible during solutioning. The phase evolution 

due to evaporative losses of γ stabilisers have been qualitatively modelled using 

Thermo-Calc in Section 5.3.3 and these results have shown that the γ’ phase can be 

stabilised at solutioning temperatures following evaporation of Ni, Cr and Co. The 

observed microstructure of the solutioned test-bar surface corresponds to the phase 

fractions predicted at a net loss of ~8 – 10% Langmuir for Ni and Co and ~0.5% 

Langmuir for Cr. These Langmuir percentages correspond to net mass loss percentages 

of 20 – 25% (Ni), 19 – 22% (Co) and 14% (Cr) from within the 20µm surface layer. The 

maximum rate at which these elements can evaporate from the test-bar surface is 

given by the Langmuir equation for evaporation into a vacuum: 

   
  

√      
                  Equation 5.1 
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Where Ei is the number of moles of species i evaporated per m2 per second, Pi is the 

vapour pressure of i in solution, Mi is the molecular weight of i and R and T are the gas 

constant and temperature respectively. 

The maximum Langmuir loss corresponds to evaporation into a high vacuum where 

the vapours that evolve from the surface are removed from the system (non-

equilibrium conditions), for example via the vacuum pump. In this scenario, the 

corresponding rate of condensation is zero and subsequently the atmosphere above 

the surface cannot reach equilibrium conditions where the vapour becomes saturated 

and evaporative flux is equal to the condensation flux [177]. In the previous Chapter 

fractions of the total Langmuir loss were considered since the vacuum atmosphere 

used at Bodycote for heat-treatment is under a partial pressure of Ar and not a high 

vacuum. This means that the resulting evaporation rate will be lower than the ideal 

Langmuir value. However, whilst the diffusion pump is switched off at high 

temperatures, the vacuum pump remains on (with a constant bleed of Ar to maintain 

partial pressure) therefore the vapour species that evolve from the test-bar surface 

can be removed from the system therefore preventing the formation of a saturated 

vapour pressure and resulting in a higher evaporation rate. 

 

Figure 5.17(a) shows the variation of mass loss rate (Langmuir loss) with temperature 

for Ni, Cr and Co whilst Figure 5.17(b) shows the fractions of the calculated Langmuir 

mass loss to vacuum from a test-bars cylindrical surface (10mm OD and 60mm in 

length) during the standard isothermal solutioning at 1312°C for 8 hours. As 

mentioned in Chapter 3, since the actual heat-treatment furnace is held under an Ar 
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partial pressure of PAr = 10-4 atm it is necessary to consider fractions of the total 

Langmuir mass loss to vacuum.  

  

Figure 5.17(a) Langmuir evaporative rate into vacuum (b) Mass loss (g) of Ni, Cr and Co for different %’s of total 
Langmuir loss to vacuum (during 8 hours solution at 1312°C) 

Figure 5.17 is adjusted for the mole fraction of each element within the CMSX-4 alloy 

(using Raoult’s law) and it can therefore be concluded that whilst Cr is only present at 

6.5wt.% within the alloy, it has the highest mass loss, due to its higher vapour pressure 

than Co and smaller atomic weight than Ni (since the vapour pressures of Ni and Cr are 

almost identical, the atomic mass term in Equation 5.1 is the only rate affecting term 

between them). However the evaporation of aluminium has been tacitly neglected in 

this discussion so far due to the fact that the surface layer transforms from γ to γ’, 

which requires an associated net increase in the Al to Ni ratio. Aluminium is however 

characterised as also having a relatively high vapour pressure which is described by the 

following Clausius-Clapeyron equation [138]: 

   [   ]           
     

 
               Equation 5.2 

Using Equation 5.2 (with the same data for Ni, Co and Cr taken from Chapter 4), the 

vapour pressures and evaporative rates of Al, Ni, Cr and Co are displayed in Figure 

5.18(a) and (b) for comparison. This has been adjusted for the mole fraction of each 

element within the CMSX-4 alloy by application of Raoult’s law. The strong 

A B 
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temperature dependence of the vapour pressure is clear to see, this is because the 

release of atoms from the solid (or liquid) phase to the gas is thermally activated. It is 

clear that aluminium’s vapour pressure, and corresponding evaporative rate, is 

between 1 – 2 orders of magnitude higher than all the other metals at 1312°C. At 

lower temperatures the difference is even greater.  

 
Figure 5.18(a) Comparison of Al, Ni, Cr & Co vapour pressures and (b) corresponding Langmuir evaporative rates   

The mass loss to vacuum for Al can be added to those of Ni, Cr and Co to compare the 

effective rate of Al evaporation during solutioning of the CMSX-4 test-bars (Figure 

5.19). This shows that the high vapour pressure of Al results in a significantly higher 

rate of loss to evaporation compared to Ni, Cr and Co. 

  
Figure 5.19 Mass losses (g) of Ni, Cr, Co and Al for different %’s of total Langmuir loss to vacuum (during 8 hours 

solution at 1312°C)  

A B 
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The maximum calculated mass losses of Ni, Cr and Co are 0.5g, 0.63g and 0.07g 

respectively (shown clearly in Figure 5.17(b)) whilst the maximum mass loss of Al is 

calculated to be almost x100 that, 45.77g. This is a result of both a higher vapour 

pressure and a lower atomic weight, when compared to the other metals. Again, it 

must be emphasised that, whilst the mole fraction (and thus activity) has been 

accounted for, the heat-treatment furnace is not held at a perfect vacuum and 

therefore these values will be lower than that for 100% Langmuir loss.  

 

An additional consideration is the difference between the ambient pressure (i.e. the 

pressure inside the heat-treatment furnace) and the vapour pressure of the material. 

Even though the vapour pressure is dependent only on the temperature (and 

substance), the rate of evaporation is increased by reducing the ambient pressure. This 

in effect reduces the number of collisions between the vapour molecules and the 

ambient gases, resulting in a lower probability of the vapour molecule losing energy 

through a collision and re-depositing on the surface in the condensed state. Therefore 

since the vapour pressure of Al at 1312°C (~10-5 atm) is much closer to the ambient 

furnace pressure of ~10-4 atm (partial pressure of Ar) than Ni, Cr and Co (~10-7, 10-7 and 

10-8 respectively) its evaporative rate will be comparatively lower. The resultant 

percentage reduction in the rate of evaporation has been estimated to be ~2-4% [139]. 

However, since the Al evaporative rate is significantly higher than those for Ni, Cr and 

Co it seems likely that there will also be a significant evaporative loss of Al. This raises 

the question, how can Al be enriched at the surface, to form the γ’ surface layer, 

considering the much larger driving-force for vaporisation compared to Ni, Cr and Co? 
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5.4.2 Diffusion Interactions in the Near-Surface Region 

It is clear from the microstructural analysis that the surface layer is comprised of the γ’ 

phase and therefore it must be enriched in Al, with a concurrent reduction in Ni, Cr 

and Co. However, Al vapour losses are significantly higher than those for Ni, Cr and Co 

and so in order to form γ’, the diffusion of metal from the substrate must compensate 

for the discrepancies in the vapour losses. When metal losses occur in one area, in 

relation to another, diffusion will occur along that concentration gradient in order to 

replenish the lost material and homogenise the chemical composition. During surface 

vaporisation, metal is continuously drawn away from the component’s near-surface 

region; in this manner there exists a composition gradient between the near-surface 

and the substrate/bulk. This drives the flow of metal atoms to achieve a state of 

chemical homogeneity. The magnitude of the concentration gradient does not affect 

the diffusivity; instead the diffusion coefficient is purely temperature and composition 

dependent [178]. 

 

In order for diffusion to occur, the temperature must be high enough to overcome to 

activation energy barrier to atomic motion. Atoms in a crystalline solid diffuse by 

vacancy or interstitial diffusion, depending on their atomic size. If the solute atoms are 

smaller than the matrix atoms then interstitial diffusion dominates, whereby the 

solute migrates via the ‘gaps’ between atomic planes, and the activation energy 

required is relatively low. If the solute atoms are of a comparable size, or larger than 

the matrix atoms then substitutional diffusion occurs via vacancies in the crystal 

lattice. This is the case for the majority of Nickel-based superalloys, where the solute 

elements are substitutional rather than interstitials. Vacancies are ‘holes’ in the lattice, 
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i.e. missing an atom, and as the atoms flow in one direction, the vacancies flow in the 

opposite. In the case of substitutional diffusion, the activation energy is much higher 

than that for interstitial diffusion and this difference arises due to the need for each 

atom to break the chemical bonds with its neighbour and ‘squeeze’ past to the vacancy 

site in order to migrate. The activation energy needed for an atom to diffuse is 

however significantly reduced at lattice sights with a high degree of disorder, such as 

at grain-boundaries, dislocations and at free-surfaces. The activation energy for 

substitutional diffusion is usually significantly higher than the energy of the atom in its 

original lattice site at room temperature and thus heat is needed in order for diffusion 

to occur. An Arrhenius equation is used to relate the temperature dependence of this 

process to the diffusion coefficient [178]: 

         
  

  
      Equation 5.3 

Where D0 is the diffusion coefficient at ∞ temperature and Q is the activation energy, 

both of which are dependent on composition, not temperature. 

By rearranging Equation 5.3 it is possible to show the temperature dependence of D: 

         
 

  
(
 

 
)          Equation 5.4 

Which displays a straight line graph with a slope of –Q/RT and an intercept of lnD0. 

The typical diffusion coefficients of the alloying elements within the nickel matrix are 

shown in Figure 1.24(a) as a function of the inverse temperature. Likewise, in Figure 

1.24(b) the self-diffusion coefficient of nickel within a SX nickel matrix is shown.   
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Figure 5.20(a) Diffusion rates of key alloying elements within pure Ni as a function of 1/T [54] (b) Self-diffusion 

rate of Ni within pure, SX Ni as a function of 1/T [179]. The solutioning temperature, 1312°C, is marked to 
highlight the relative diffusion coefficients acting to replenish metal evaporative losses 

These diagrams graphically show that at the solutioning temperature of 1312°C the 

activation energy for diffusion is surpassed (since T/Tm > 0.75) and it can be seen that 

the diffusion coefficient of Al in nickel is the highest (5x10-12m2/s), followed by Cr 

(~9x10-12m2/s) and Co (1x10-13m2/s). The self-diffusion of nickel is roughly the same as 

the diffusion coefficient of Co in nickel at 1312°C.  

 

The effects of diffusion were ignored from the Thermo-Calc simulations for simplicity, 

since the formation of the γ’ surface layer was already observed and therefore the net 

loss of metal must favour the depletion of the γ forming elements, Ni, Cr and Co. This 

estimation neglects the interaction of the γ’ surface layer and the substrate, indeed it 

was already discussed in Chapter 3 that significant inter-diffusion of these two layers 

will occur and that this creates the driving-force for the growth of the γ’ surface layer. 

However, as a first-approximation this serves to qualitatively show that the mass loss 

of key elements is a vital stage in the formation of the γ’ surface layer. 
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The diffusion coefficient data for Al, Cr, Co and Ni within the SX Ni matrix indicates that 

the net loss (or enrichment) of metal in the near-surface region is a product of the 

inter-play between the evaporative rate, acting to remove material from the surface, 

and the diffusive rate that acts the replenish the lost material. Clearly therefore, it is 

the faster diffusivity of Al that prevents its depletion in the near-surface region, since it 

has already been shown that its evaporative rate is higher than those for Ni, Cr and Co.  

5.4.3 Vapour Condensate Analysis 

The thermodynamic considerations in the previous Section have shown that elemental 

evaporation from the test-bar surface occurs during solutioning, and that this results in 

the transformation of γ  γ’ within the near-surface region. This is in agreement with 

the microstructural observations of the γ’ surface layer that evolves during solutioning. 

However, during evaporation of a species there exists the concomitant condensation 

of that species which, at equilibrium in a closed system, has a rate equal to that of 

evaporation. In an open system however, the rate of evaporation can be much higher 

since the evaporated species is able to diffuse away and cannot subsequently 

condense back on to the surface. The Bodycote heat-treatment furnace can be 

described as a open-system, since during solutioning the atmosphere is held at an 

argon partial pressure of ~10-4 atm with the vacuum pumps constantly evacuating the 

chamber. This means that the vapour species that evolve from the alloy surface will 

likely be removed from the furnace chamber and non-equilibrium conditions will 

govern. Additionally, the vapour species can condense on any part of the furnace or 

test-bar that may act as a ‘cold-trap’. In order to experimentally observe and analyse 
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the evaporated material from the test-bar surface a simple cold-trap experiment was 

devised, utilising an Al2O3 crucible to surround the sample test-bar and trap and collect 

the condensed vapour species.  

 

The condensate microstructural and compositional analysis clearly shows the 

deposition of metal vapour from the test-bar surface onto areas of the Al2O3 crucible 

near the join between top and bottom. This points towards the condensates forming 

as the vapour moves out of the loose-fitting crucible. However, whilst Ni and Co 

condensates were observed, there is a distinct lack of any Cr condensates. There is also 

no sign of metallic Al on the crucible (the only Al seemingly arising from the Al2O3 

crucible itself) however the silvery deposits found on the ends of the test-bar are rich 

in metallic Al (as well as Ni and Co). The aluminium vapour is therefore predominantly 

condensing on the test-bar surface, rather than the crucible surface. These metallic 

deposits are not typically seen on standard heat-treatment experiments since the lack 

of a surrounding crucible allows the vapours to diffuse around the furnace and be 

removed via the vacuum pump, making their re-deposition onto the test-bar surface 

less likely.  

 

These observations seem counter-intuitive given that Al and Cr have the highest 

vapour pressures (and evaporation rates) and Co has the lowest, they should 

contribute the highest amount to the condensates. This could be due to the oxidation 

of the Al and Cr vapour species, since the partial pressure of oxygen in the furnace is 

significantly lower than the PAr = 10-4 atm, Ni and Co will not oxidise and the deposits 

remain as elemental Ni and Co. The lack of Cr is hard to explain on the other hand, 



Chapter 5 

 

175 
 

however the evaporation of Cr and its oxides, Cr2O3 and CrO3, above 1000°C is well-

known [92][97][180][170] therefore any Cr vapour may remain in the gas state and be 

removed from the furnace, instead of condensing on the crucible. This possibility is 

heightened by the fact the crucible was not cooled in any way (it is at the same 

temperature as the alloy during solutioning) relying on condensing the vapour species 

by collisions of the saturated vapour phase with the Al2O3 crucible surface. 

5.4.4 Oxidation during Solution Heat-Treatment 

Oxidation of Al is a counter-acting process that occurs during solution heat-treatment, 

albeit at a slow rate. The oxidation of Al acts as a barrier to the formation of the γ’ 

surface layer in two ways, (i) it depletes Al from the near-surface region, stabilising the 

γ phase and (ii) by forming a physical barrier to evaporation. The partial pressure of 

oxygen is minimised in the furnace via the use of a vacuum and subsequent Ar partial 

pressure however there will still be residual oxygen remaining, and this is sufficient to 

allow the formation of a thin (1-2μm) Al2O3 surface oxide layer [7]. A typical SEI and 

EDX mapping of the heat-treated test-bar surface is shown in Figure 5.21, highlighting 

the Al2O3 layer that evolves during solutioning. 

 

The equilibrium PO2 needed for Al2O3 formation at 1305-1312°C is ~10-24 atm whereas 

NiO, Cr2O3 and CoO require oxygen partial pressures of ~10-6, ~10-14 and ~10-5 atm 

respectively (see Figure 5.22). These conditions prohibit the formation of NiO and CoO, 

however Thermo-Calc was used to conclusively show that, even if these oxides did 

form, the mass loss from the surface layer was insufficient to cause any 

microstructural instability. 
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Figure 5.21 EDX mapping of the Al2O3 surface oxide formed during solution heat-treatment (a) SEI (b) Al and (c) O 

 
Figure 5.22 Calculated Ellingham diagram for the alloy CMSX-4 with solutioning temperature indicated by red line 

Because the PO2 required for Al2O3 formation decreases with increasing temperature, 

the formation at low temperatures will be prohibitively slow and therefore it is only 

upon reaching solutioning temperatures that the oxidation will precede at its 

maximum rate. This is an identical situation to surface evaporation, since this too is a 
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thermally activated process. The literature on the oxide growth kinetics of Nickel-

based superalloys focuses on the ‘in-air’ response, since this is the most critical to the 

operation of the component, and the growth kinetics of Al2O3, especially at such low 

PO2, is sparse. However oxidation experiments on superalloys in air have shown that 

the establishment of a protective Al2O3 layer typically takes many hours 

[111][122][132][133] and Kear et al [137] found that a continuous Al2O3 layer did not 

form before 40mins of oxidation at 1000°C in 0.1 atm of air. Clearly, in the case of 

solution heat-treatment with a significantly lower PO2, the growth kinetics of Al2O3 will 

be much slower, allowing the evaporation of elements to occur for a considerable 

amount of time.  

 

Finally, the test-bars considered in this Chapter (and others) were grit blasted prior to 

solutioning, removing all oxides formed during casting. It is seen in Chapter 3 that 

Surface Scale oxides form on some areas of the casting surface, the rest of the surface 

being ‘Unscaled’ and populated by a micron thick Al2O3 layer. It is this Al2O3 layer in the 

unscaled regions that acts as an evaporation barrier during subsequent heat-

treatment. In the scaled regions on the other hand, the oxides are a porous dual-oxide 

consisting of NiO and spinel phases which are readily spalled away and therefore do 

not provide an adequate evaporation barrier during heat-treatment. This is why the 

surface melt blister defects are only seen to occur in the scaled regions of the casting.  
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5.5 Conclusions 

It has been shown that elemental vaporisation during solution heat-treatment can 

result in the transformation of the stable γ phase into the non-equilibrium γ’ phase 

with associated TCP formation. As a first approximation to the problem, using the 

vapour pressures and evaporation rates for Ni, Cr and Co, the composition of a surface 

layer 20µm thick was calculated and modelled using the software package Thermo-

Calc. Several fractions of the total Langmuir elemental loss to vacuum were considered 

and it was found that mass losses of 20 – 25% Ni, 14% Cr and 19 – 22% Co from the 

20μm surface layer corresponded to the observed microstructure of the γ’ surface 

layer in Chapter 4. In these simulations it was assumed that there was no inter-

diffusion between the γ’ surface layer and the substrate in order to simplify the 

complex nature of the problem, this is therefore only a qualitative analysis. The inter-

diffusion between the evolving γ’ surface layer and the substrate was discussed and it 

is shown that Al is a fast diffuser at the solutioning temperature of 1312°C and can 

therefore replenish any surface vapour losses faster than Ni, Cr and Co, allowing the 

formation of the γ’ phase at the surface.  

 

The relationship between the surface scale casting defect and the heat-treatment 

surface melt blister defect is discussed and it is shown that the melt blisters form in 

the scaled regions due to the lack of a protective oxide barrier to evaporation during 

solutioning. In the unscaled regions (described in Chapter 3), a ~2μm layer of Al2O3 

already exists in the as-cast condition and therefore no evaporation can occur during 

solutioning, prohibiting the formation of a γ’ surface layer. 
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Chapter 6. Exploring the use of Neutron Diffraction for Tracking 

the Formation of the γ’ Surface Layer during Heat-Treatment 

6.1 Introduction 

As discussed in the previous Chapters, the formation and evolution of a γ’ surface 

layer, and related morphologies, occurs during solution heat-treatment of single-

crystal Nickel-based superalloys. This layer is the result of elemental vapour losses 

from the surface of the casting, governed by the individual elemental vapour pressures 

and the temperature/vacuum conditions within the heat-treatment furnace. The 

experiments conducted so far have yet to determine at what point during the heat-

treatment cycle that the γ’ surface layer forms (although it is likely to occur during 

solutioning rather than ramp-up due to the temperature dependence of the vapour 

pressures) and therefore it was decided to explore the use of Neutron Diffraction to 

investigate the formation of the γ’ surface layer using in-situ solution heat-treatment 

at the Engin-X facility at the ISIS neutron source, Rutherford Appleton Laboratory, 

Didcot UK. Initial studies were performed using as-cast CMSX-10N test-bars however, 

due to excessive residual eutectic phases present within this as-cast alloy subsequent 

studies were performed using fully solutioned CMSX-4 test-bars. To complement the 

neutron diffraction analysis, optical microscopy and SEM was conducted to ascertain 

the start (as-received) and post-test surface morphologies. 
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6.2 Research on Neutron Diffraction in the Open Literature 

The Engin-X neutron diffractometer at ISIS is a dedicated engineering apparatus, used 

extensively for the measurement of strain (and therefore stress) within crystalline 

solids by employing the materials atomic lattice planes as in-built strain gauges 

[181][182] but it can also be used to study the phase evolution of a solid by tracking 

the movement of diffraction peaks, associated with each phase, with temperature.   

 

The development and processing of Nickel-based superalloys has benefited from the 

use of neutron diffraction (ND) techniques due to the ability to probe the atomic 

structure in detail, revealing material properties, such as lattice strain misfit 

[183][184][185], deformation mechanisms [186][187][188], and how to adequately 

characterise and relieve residual stresses to retain the optimum material strength 

[189][190][191]. The paper by Preuss et al [192] compared the microstructure, 

mechanical properties and residual stresses of three inertia friction welded Nickel-

based superalloys, using the Engin-X neutron diffractometer to measure the radial, 

axial and hoop stresses generated by the welding process. It was shown that large axial 

and hoop stresses are produced near the welds in the as-welded condition, with the 

hoop direction experiencing larger tensile stresses than the axial. It was also shown 

that by employing a post-weld heat-treatment (PWHT), all three alloys could have their 

residual axial and radial stresses significantly reduced with the hoop stresses also being 

relieved, albeit to a lesser extent. The importance of choosing the correct PWHT 

temperature was highlighted, in order to maximise the stress relief and ensure the 

correct microstructure remains in the PWHT state. 
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Ma et al [193] used neutron diffraction with in-situ heating to investigate the change in 

misfit strain in a polycrystalline Nickel-based superalloy during heating to 900°C and 

during subsequent creep loading. The misfit strain was shown to decrease from 0.02% 

at room temperature to -0.17% at 900°C indicating that the alloy has a very low misfit 

between the γ and γ’ phases at room temperature, with the γ’ phase under slight 

compression within the γ matrix. The level of misfit decreased as temperature rose, 

generating significant stresses within the constituent phases, and the thermal 

expansion of the individual, constrained lattices was shown to be larger for the γ phase 

than the coherent γ’. The creep experiments showed that the [001] and [111] 

orientated grains within the polycrystalline structure pick up load whilst the [110] 

grains shed load due to the γ channels allowing easier passage for dislocations.  

 

Coakley et al [194] used neutron diffraction to characterise the deformation of the 

Nickel-base superalloy CMSX-4 during tensile creep, with the focus on the differing 

responses of the γ and γ’ phases on the micro-scale. In-situ creep tests were 

performed in the tertiary (900°C, 460MPa) and primary (650°C, 825MPa) creep 

regimes at the Engin-X diffractometer. The diffraction spectra collected contained the 

(300) and (100) γ’ peaks and the (200) γ/γ’ peak. The (200) composite peak was de-

convoluted by assuming (i) the instrumental peak widths of both phases are equal, (ii) 

the Voight shape function of both peaks are equal and (iii) the (200) γ’ position is given 

by       
  

           
  

. It was also shown that the intensity ratio between the two 

phases in the (200) peak was given by       
 

            
  

. The peak widths were 

found to be contributed to by strain (i.e. dislocations), the initial sample mosaic spread 
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(i.e. how ordered the γ’ precipitates are within the γ matrix) and the instrumental 

broadening. The lattice strain response in the two creep regimes was ultimately found 

to be distinct, indicating that the micro-mechanisms of deformation differ during 

primary and tertiary creep.  

 
Figure 6.1 (200) γ/γ’ peak de-convolution. (200) peak is constrained by the γ’ (100) d-spacing (adapted from [194]) 

6.3 Experimental Methods 

The as-cast Nickel-based superalloy CMSX-10N was initially considered in this chapter, 

with solutioned CMSX-4 test-bars eventually being investigated due to their 

homogenized composition and microstructure compared to the as-cast CMSX-10N.  

Nominal composition (wt.%) is given in Table 6.1. 

Alloy Al Co Cr Ti Mo Ta W Re Ni 

CMSX-4 5.8 9.5 6.5 1.1 0.6 6.5 6.5 3 Bal 

CMSX-10N 5.9 3.1 1.6 0.1 0.45 8.5 5.5 6.8 Bal 

Table 6.1 Nominal composition (wt.%) of alloying elements in the Ni-based superalloys CMSX-4 and CMSX-10N 

6.3.1 Investment Casting and Heat-Treatment 

For this study, cylindrical test-bars (10mm OD x 60mm H) were cast using the methods 

described in Chapter 3 at the Precision Casting Facility, Rolls-Royce plc in Derby. The 

as-cast CMSX-10N samples were subsequently grit blasted to remove any oxides or 
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surface eutectic formed during casting. The CMSX-4 samples were solution heat-

treated by standard industrial practices within the turbine blade heat-treatment 

furnaces at Bodycote plc. Following solutioning, the test-bars were grit blasted with 

alumina media to remove any oxides or γ’ surface layer that may have formed during 

the Bodycote heat-treatment. 

6.3.2 Neutron Diffraction and in-situ Heat-Treatment 

Neutron diffraction is a technique by which thermal or cold neutrons are accelerated 

towards a sample where they interact to give information on the atomic structure of 

the sample material. As charge-neutral particles, neutrons interact directly with the 

nucleus of the impacted atom, experiencing elastic scattering where the exiting 

neutrons have almost the same energy as the incident neutrons. Due to their charge 

neutrality, they are able to penetrate much further into solid matter (order of 

centimetres) making them an ideal medium for bulk sample analysis. This has led to 

the wide use of neutron diffraction as a method for the measurement of residual 

stresses in large engineering components [182].  

 

The CMSX-10N and CMSX-4 test-bars were investigated at the ENGIN-X neutron strain 

scattering facility at ISIS, Didcot (Figure 6.2). This facility was used to analyse the 

microstructural evolution of the near-surface region during in-situ solution heat-

treatment experiments. ENGIN-X is a time-of-flight (TOF) neutron diffractometer which 

records the diffracted neutrons from a pulsed proton spallation source and, assuming 

elastic collisions, defines the neutron wavelength as: 

  
 

        
                    Equation 6.1 
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Where h is Planck’s constant, m is the neutron mass, L1,2 are the primary and 

secondary flight paths and t is the time-of-flight. 

The lattice (d) spacing of a crystalline solid is described in terms of an (hkl) family of 

lattice planes as given by Bragg’s law,                , which is therefore obtained 

from the TOF neutron spectrum from the position of the thkl peak by: 

     
 

              
              Equation 6.2 

The lattice spacing gives the user insightful information on the phases present as well 

as the stress state of the crystal lattice by a simple application of            

    
       

  coupled with strain-free d
0 samples [181]. These are typically machined 

‘combs’ of the sample material which relieves internal strains prior to measurement. 

 
Figure 6.2 Engin-X neutron beam line experimental setup for in-situ heat-treatment. (a) Schematic diagram of 

experimental setup and gauge volume and (b) photo of experimental stage with furnace installed 

The diffracted neutrons are recorded by two banks of ZnS scintillators at 90° each side 

of the sample, with vertical and horizontal coverage’s of 21° and ±15° respectively.  

For the as-cast CMSX-10N initial experiments a 2mm collimator was used with a jaw 

aperture of 2 x 20mm, giving a nominal gauge volume of 80 mm3. The nominal gauge 

volume is the volume of sample that is intersected by the incident neutron beam and 

the collimator coverage as defined by the incident beam slits and the diffracted beam 



Chapter 6 

 

185 
 

collimators; it therefore represents the measurement volume of material. For the 

solutioned CMSX-4 experiments the nominal gauge volume was modified to maximise 

the amount of near-surface material sampled. Therefore, a 3mm collimator was used 

with a jaw aperture of 3 x 20mm, giving a nominal gauge volume of 180mm3.  

 

The samples were first scanned to ascertain the correct rotation of the test-bar single-

crystal with respect to the detector banks so that the diffraction condition is satisfied. 

The heat-treatment furnace was subsequently installed and the test-bar was placed 

within the furnace at the base of the sample holder (Figure 6.3), so as to intersect with 

the neutron beam gauge volume at the same position and angle as without the 

furnace. The furnace was subsequently pumped down to a vacuum of ~10-5 mbar (~ 

10-8 atm) before heating could commence.   

 
Figure 6.3 Sample holder layout. Sample is suspended at the bottom with Ta wire and insulated with Al2O3 

ceramic. Thermocouples are placed against the sample to provide temperature feedback for the furnace control  
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Figure 6.4 Diffraction spectra of a single-crystal test-bar obtained by TOF neutron diffraction 

An example of a typical neutron diffraction spectrum is shown in Figure 6.4 where 

each peak is a diffraction condition for a particular lattice orientation. The diffraction 

pattern is comprised of the (300) and (100) superlattice reflections from the ordered 

L12 γ’ phase only, as well as the (200) doublet reflection from the combined γ/γ’ 

phases. The misfit between γ and γ’ is small so the two phases form a single, broad 

(200) peak. The peak heights are normalised neutron counts, with arbitrary units, that 

represent the volume of each phase interacted with. 

 

Neutron diffraction (ND) spectra were collected in two positions, the middle of the 

sample (bulk) and the near-surface region, during in-situ heat-treatments of as-cast 

CMSX-10N and solutioned CMSX-4. For the near-surface measurements the sample 

stage was moved so that the gauge volume intersected only the top 1mm of the 

sample surface, with the rest of the gauge volume in vacuum (this does not contribute 

to the diffraction spectrum). This was done to capture as much surface volume as 

possible within the constraints of count time, neutron flux and collimator/jaw size. The 

heat-treatment consisted of various ramps before a final solution at 1305°C for 8 hours 

(200) 

(100) 

(300) 
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and 1350°C for 25 hours for CMSX-4 and CMSX-10N respectively. These hold 

temperatures are slightly lower than the industry standard temperatures of 1312°C 

and 1363°C (respectively) due to concerns of overheating the samples caused by the 

inaccuracy of the thermocouples and the uniformity of the temperature gradient 

within the installed Engin-X furnace.  

6.3.3 Optical Microscopy (OM) and Scanning Electron Microscopy 

(SEM) 

Transverse test-bar cross-sections were cut using a diamond tipped rotary bench saw 

before being mounted in conducting Bakelite resin and progressively polished with 

grit/SiC papers followed by a final 1/4m diamond polish for metallographic 

examination. Where necessary, samples were etched with a Nimonic etchant of 50ml 

HNO3, 200ml HCl, 12.5g CuCl2 and 12.5g FeCl2 made up to 500ml with distilled water.  

 

Test-bar surface cross-sections were initially analysed with an Olympus BX51 optical 

microscope at various magnifications to select appropriate areas for further SEM 

analysis. A FEI Sirion Field Emission Gun SEM (FEGSEM) was used operating at 15-20kV. 

Back-scattered electron imaging (BSI) and Secondary electron imaging (SEI) were 

performed at a working distance (WD) of 5mm and a spot size 5. 

  



Chapter 6 

 

188 
 

6.4 Results 

6.4.1 Optical Microscopy and SEM of the As-Cast CMSX-10N and 

Solutioned CMSX-4 Test-bars 

The initial surface of the as-cast CMSX-10N test-bars was first imaged using optical 

microscopy (OM) to confirm the starting microstructure, prior to ISIS in-situ heat-

treatment. These test-bars were received in the as-cast and grit blasted state (so as to 

remove any surface oxides/eutectic formed during casting). Figure 6.5 shows the as-

received surface condition from which the following observations can be made: 

i. There is a significant degree of micro-segregation within the microstructure. 

Large pools of eutectic can be seen in the inter-dendritic (IDP) regions.  

ii. The dendrites have grown to impinge on the surface with only small areas 

where the inter-dendritic eutectic has intersected the surface.  

iii. There is no evidence of any surface layer, neither γ’ nor surface oxides. There is 

also no continuous layer of eutectic at the surface.  

 
Figure 6.5 OM image of the as-received CMSX-10N test-bar surface 
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After the in-situ heat-treatment and neutron diffraction analysis at ISIS the 

microstructure was again investigated using OM and SEM and these are shown in 

Figure 6.6.  

  

 
Figure 6.6 (a) OM image (b) SEI and (c) BSI of the ISIS tested CMSX-10N test bar surface. The γ’ surface layer is 

shown in detail in (b) & (c). Of note are the TCP needles fanning out from the substrate within the γ’ layer (white) 

From these images the following observations about the surface region can be made: 

i. There remains a large degree of inter-dendritic eutectic after the ISIS 25 hour 

solution heat-treatment at 1350°C. 

B A 

C 
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ii. A γ’ surface layer has evolved that is ~40-50µm thick across the entire 

perimeter of the test-bar. This layer is populated with both needle-like and 

globular TCP phases, some of which fan out from the border with the substrate. 

iii. Whilst the γ’ surface layer is continuous around the entire perimeter, the TCP 

phases within that layer are more concentrated above the dendrite arms and 

there is a distinct lack of TCPs growing out from the inter-dendritic regions 

(Figure 6.7). This is because the IDP eutectic rejects the TCP forming elements 

W and Re to the γ dendrite during solidification, therefore when the γ’ surface 

layer grows into the IDP regions during solutioning, there is less W and Re and 

therefore less TCPs. 

 
Figure 6.7 SEI of the ISIS tested CMSX-10N test bar surface detailing the lack of TCP phases within the γ’ surface 

layer adjacent to the inter-dendritic eutectic region 

The inter-dendritic regions are composed of a γ / γ’ eutectic and due to the large 

amount of eutectic present within the as-cast CMSX-10N sample, the distinction of the 

γ’ surface layer within the neutron diffraction spectra from the residual eutectic is 

impossible. It was therefore decided to repeat the experiment with solutioned CMSX-4 

test-bars as this removes the problem of residual eutectic. The pre-solutioning at 

Bodycote removes any as-cast inter-dendritic eutectic and fully homogenises the 
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microstructure, whilst the CMSX-4 alloy has a lower fraction of as-cast eutectic and is 

less prone to post-solutioning residual eutectic due to its compositional differences to 

CMSX-10N (most importantly, the reduced refractory additions of W and Re). 

 

The solutioned CMSX-4 test-bars were first grit blasted, after solutioning at Bodycote, 

to remove any γ’ surface layer formed during this pre-solutioning. This means any 

detection of γ’ during subsequent ISIS heat-treatment can be attributed to the 

formation of a new γ’ surface layer (as well as the bulk γ’ precipitates upon cooling 

below the γ’ solvus temperature). In order to establish whether the grit-blast had 

successfully removed all remnant γ’ phase from the surface the initial test-bar surface 

was investigated using optical microscopy (OM) and SEM. Figure 6.8 shows this surface 

is free of any γ’ layer and that there are only re-crystallised γ grains remaining (from 

the prior solutioning). Any γ’ layer seen after the ISIS heat-treatment is therefore a 

product of that heat-treatment. 

  
Figure 6.8 (a) OM and (b) SE images of the CMSX-4 test-bar surface prior to ISIS heat-treatment, showing the 

complete removal any remnant γ’ surface layer. RX γ grains due to grit-blast/solutioning are highlighted in (b) 

The OM and SEM surface analysis was repeated on the test-bar after the in-situ heat-

treatment and analysis at ISIS and these results are shown in Figure 6.9 to Figure 6.10.  
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The formation of the surface γ’ layer is apparent from the OM image in Figure 6.9 and 

it is ~40-50µm across the entire perimeter of the test-bar. From the SE image in Figure 

6.10 it is possible to see that the γ’ surface layer is populated with TCP phases 

(appearing bright in SE) and that there are no remaining γ channels within the layer. 

 
Figure 6.9 OM of the ISIS test-bar surface. The γ’ surface layer is clearly visible in white above the γ RX grains 

 
Figure 6.10 (a) SEM image of the ISIS solutioned test-bar surface and (b) close-up of the interface with the γ RX 

grain below. The γ’ surface layer is clearly visible, as are the TCPs formed within this layer. Of note is the way the 
γ’ layer has grown into the substrate, consuming the γ RX grains where possible 
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In some instances the γ’ layer can be seen to have consumed the whole of the γ RX 

grain below, up to and arresting at the border with the substrate. This is visible 

because the plane in which the test-bar was cut (perpendicular to the surface) has 

intersected the plane in which the γ’ layer has grown, which is not always the case 

(Figure 6.11(b)).  

 
Figure 6.11 (a) SEM image of the ISIS solutioned test-bar surface and (b) close-up of an area where the γ’ layer 

has consumed the RX γ grain up to the border with the substrate 

The analysis of both test-bar surfaces shows that a γ’ layer was grown during the 

neutron diffraction analysis experiments and that, in the case of the solutioned CMSX-

4, there is no contribution from any previously grown γ’ surface layer. It is also clear 

that the thickness of the γ’ surface layer is greater than that seen after the standard 

industry solutioning at Bodycote, discussed in Chapter 4 (~40µm compared to ~20µm). 

This is further proof that elemental vaporisation is the cause of this surface instability 
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since the ISIS furnace uses a higher vacuum than Bodycote (~10-8 atm vacuum at ISIS 

compared to ~10-4 atm partial pressure of Argon at Bodycote) that is constantly 

pumping and would therefore increase the rate of elemental loss to evaporation. 

6.4.2 Neutron Diffraction Analysis of As-Cast CMSX-10N 

In-situ heat-treatment of as-cast CMSX-10N alloy was carried out to ascertain the bulk 

phase transition temperatures and to ascertain whether the γ’ surface layer can be 

distinguished. The room temperature bulk neutron diffraction (ND) spectra is shown in 

Figure 6.12; detailing the (200) γ/γ’ peak and the (100) γ’ peak.  

 
Figure 6.12 Room temperature ND spectra of the as-cast CMSX-10N bulk alloy 

Following the room temperature measurements the in-situ heat-treatment was 

started, following a commercial CMSX-10N heat-treatment profile with a final 

solutioning temperature of 1350°C, and the dissolution of the (100) γ’ peak was 

tracked. The bulk phase evolution is shown in Figure 6.13 from room temperature to 

1350°C + 1 hour isothermal hold. The thermal expansion of the γ’ crystal lattice is 

evident from the right-ward drift of the peak from ~3.59Å to ~3.66Å (Δ = 0.07Å) and 

the gradual dissolution of the γ’ phase can be identified by the reduction in peak 

height. At room temperature the peak height is 9 whilst at 1350°C this dropped to 
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below half that value, ~3. After 1345°C there is however no change in the (100) peak 

height suggesting that the γ’ phase is no longer dissolving. Of note is that the peak 

height is a measure of normalised neutron counts whose units are arbitrary. The 

greater the peak height however, the greater the volume of phase that is present. 

       
Figure 6.13 Dissolution of the (100) γ’ peak from room temperature to 1350°C+1hr; (a) dissolution begins ~525°C 

(b) final stage of dissolution occurs ~1345°C after which dissolution of the γ’ stops 

The evolution of the γ/γ’ (200) peak is shown in Figure 6.14 with a corresponding 

reduction in peak height as the γ’ phase component is dissolved. Similar to the (100) 

peak, there is no change in peak height after 1320°C (the sudden increase at 1345°C is 

most likely an anomalous reading). The thermal expansion is also clear as the right-

ward movement of the peak from ~1.78Å to ~1.84Å (Δ = 0.04Å). 
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Figure 6.14 Dissolution of the (200) γ/γ’ peak from room temperature to 1350°C+1hr 

The neutron gauge volume was subsequently moved to the near-surface position after 

an isothermal hold of 18 hours at 1350°C and a diffraction spectra was collected which 

is shown in Figure 6.15. It is clear that there is still a significant amount of γ’ phase 

remaining at the near-surface region after isothermal heat-treatment for 18 hrs since 

the (100) peak is clearly visible.  

 
Figure 6.15 ND spectra from the near-surface region of as-cast CMSX-10N after heat-treatment at 1350°C for 

18hrs 

However, this cannot be confidently attributed to a γ’ surface layer since there is a 

large amount of remnant inter-dendritic eutectic (γ/γ’) in the post-test microstructure 

(see Figure 6.6). It was therefore decided to repeat the experiment using fully 



Chapter 6 

 

197 
 

solutioned CMSX-4 alloy test-bars with the aim of removing the inherent as-cast micro-

structural segregation (therefore removing any remnant inter-dendritic eutectic 

phases) and the measured (100) peak can thus be contributed solely to bulk γ’ and/or 

the formation of the γ’ surface layer. 

6.4.3 Neutron Diffraction Analysis of Solutioned CMSX-4 

6.4.3.1 Room temperature measurements 

The first neutron diffraction (ND) spectra were collected at room temperature from 

the centre and surface regions as a reference for further measurements; these are 

shown in Figure 6.16 and Figure 6.17. All spectra were collected with the test-bar 

positioned within the heat-treatment furnace. The (300) and (100) γ’ superlattice 

peaks are seen on the left and right of the normalised spectra (1.2Å and 3.6Å 

respectively), whilst the (200) γ/γ’ peak (1.8Å) is seen as the largest, central peak. 

 
Figure 6.16 Room temperature ND spectra from the centre of the solutioned CMSX-4 test-bar 

Figure 6.17(a) shows the spectrum collected from position 3, the surface 

measurement, and Figure 6.17(b) shows there is the addition of the (311), (220) and 
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(111) peaks at 1.08Å, 1.275Å and 2.08Å respectively within the lower end of this 

spectrum.  

 
Figure 6.17 (a) Room temperature ND spectra from the surface of solutioned CMSX-4 (b) zoom of left-hand region 

From Figure 6.8 and Figure 6.17 it is clear that these additional peaks are from the 

remnant re-crystallised (RX) γ grains present at the surface of the test-bars due to prior 

grit-blasting and solutioning at Bodycote. 

6.4.3.2 In-situ heat-treatment – Dissolution of bulk γ’ 

The dissolution of bulk γ’ during in-situ heat-treatment was investigated using the 

spectra from the middle of the test-bar. This allows conclusions to be made later as to 

whether a surface γ’ layer is evolving at temperatures where the bulk γ’ has dissolved. 

The dissolution of γ’ is detected by analysing the reduction in the heights of the (100) 

and (200) peaks and when all the γ’ is dissolved the (100) peak will disappear from the 

spectra. 
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Figure 6.18 Dissolution of bulk γ’ from room temperature to 1000°C; (a) (200) γ/γ’ peak (b) (100) γ’ peak 

The dissolution of bulk γ’ commences by 511°C, evident by the peak reduction in the 

(200) and (100) peaks (Figure 6.18). The dissolution progresses steadily until, at 

1000°C, both peaks have lost of third of their size, showing that a considerable amount 

of γ’ has dissolved. 

     
Figure 6.19 Final stages of bulk γ’ dissolution; (a) (200) γ/γ’ peak from 1000-1305°C (b) (100) γ’ peak from 1000-

1285°C, showing final dissolution at 1285°C 

The final stages of γ’ dissolution is shown in Figure 6.19. It can be seen in Figure 

6.19(b) that all bulk γ’ phase disappears by 1285°C whilst in Figure 6.19(a) the (200) 

peak can be seen to recover in size, after 1245°C, to a magnitude identical to which it 

started. These results also show that (100) γ’ crystal lattice expands by 0.08Å between 

RT and 1285°C and the (200) γ/γ’ expands by 0.04Å between RT and 1305°C. These 

values correspond to mismatch’s of zero both at room temperature and at 1305°C 

(since d=a/√h
2+k

2+l
2). 
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6.4.3.3 In-situ heat-treatment – Formation of the γ’ surface layer 

In order to track the formation of the γ’ surface layer the sample was moved to a 

position where the neutron beam would sample material from the top ~1mm of test-

bar perimeter (the remaining gauge volume is outside of the sample). The following 

figures present the (200) γ/γ’ and (100) γ’ ND spectra for this area from room 

temperature, through heat-treatment to isothermal hold at 1305°C for 7 hours. The 

dissolution of γ’ from the near-surface is shown in Figure 6.20 from room temperature 

to 1000°C. The amount of γ’ is not significantly reduced within this temperature range, 

in contrast to the bulk measurements above.  

  
Figure 6.20 Dissolution of surface γ’ from room temperature to 1000°C; (a) (200) γ/γ’ peak (b) (100) γ’ peak 

 
Figure 6.21 Final stages of surface γ’ dissolution; (a) (200) γ/γ’ peak from 1000-1305°C+7hr hold (b) (100) γ’ peak 

from 1000-1305°C+7hr hold, final dissolution of γ’ noted at 1289°C 
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Figure 6.21 details the final dissolution of γ’ from 1000°C to 1305°C (and at the end of 

the 7 hour isothermal hold) which occurs at ~1282°C and agrees with the bulk γ’ 

dissolution seen in Figure 6.19. In contrast to the bulk measurements, the (200) γ/γ’ 

peak does not recover to its room temperature height as the temperature increases 

and the γ’ dissolves. 

 

The next figure details the evolution of the (100) peak through isothermal hold for a 

total of 8 hours. From the previous spectra, above 1289°C the (100) γ’ peak should be 

located at ~3.66-3.67Å. 

 
Figure 6.22 (a) Evolution of the (100) γ’ peak through isothermal hold at 1305°C for 8 hours (b) Offset (+0.5) 

spectra 

Figure 6.22(a) hints at the existence of a (100) γ’ peak at ~3.67Å however when these 

spectra are analysed further, and offset to distinguish them more clearly, discerning a 

valid (100) peak becomes impossible (Figure 6.22(b)) due to the background noise. 

 

The ND spectrum also contains the (300) γ’ peak at ~1.2Å, however this end of the 

spectrum has a lower signal to noise ratio than the (100) and (200) peaks, making 

identification much harder. Figure 6.23 shows the evolution of the (300) peak from 

room temperature to 1305°C, from which it is seen to disappear by 1281°C. The re-
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crystallised grains are clear either side of the (300) peak at room temperature but 

become less so as temperature rises; the (220) remaining the clearest of the two at 

1305°C.  

 
Figure 6.23 Offset (+0.5) spectra of the (300) and RX grain peaks showing evolution from room temperature to 

1305°C 

Figure 6.24 shows the peak evolution during the 8 hour isothermal hold and it is clear 

that no visible (300) γ’ peak has evolved during this time; the only visible peak being 

the (220) RX grain at 1.3Å. 

 
Figure 6.24 Offset (+0.5) spectra of the (300) and RX grain peaks showing evolution during 1305°C hold 

Figure 6.25 shows the evolution during final cooling/quench, which was unfortunately 

too fast to measure spectra at the same temperature intervals as was done on heating. 
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It is however clear that the (300) γ’ peak has reappeared by 1050°C, which is as 

expected from bulk γ’ re-precipitating and not indicative of the formation of a γ’ 

surface layer. 

 
Figure 6.25 Offset (+0.5) spectra of the (300) and RX grain peaks showing evolution during cooling from 1305°C 

6.5 Discussion 

6.5.1 Microstructural Analysis 

From the microstructural analyses of both the CMSX-10N and CMSX-4 test-bars it is 

seen that the γ’ surface layer evolves during the ISIS heat-treatment experiment and 

that this layer is thicker than the γ’ layer found on test-bars solutioned at Bodycote 

(see Chapter 4). The typical Bodycote γ’ layer thickness is ~20µm, however the γ’ layer 

is ~40-50µm in the ISIS heat-treatment experiment. There is also a noticeable greater 

fraction of TCP phases within the γ’ surface layer on the CMSX-10N alloy than for 

CMSX-4. This is due to the larger wt.% of refractory elements like Re and Ta (W is 

slightly lower by 1wt.%) in CMSX-10N and their insolubility within the γ’ phase. 

Therefore as the γ’ layer grows into the substrate, the refractory elements precipitate 

out as TCPs. This process is enhanced due to the low diffusivity of these elements, 
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particularly Re, within the Ni matrix [54]. It is also seen in Figure 6.11(b) that the γ’ 

surface layer grows into, and consumes, the RX γ grains below. This is proof that the γ’ 

surface layer forms after the RX grains and that the RX grains do not nucleate and grow 

from the γ’ layer boundary. The advancing γ’ layer is arrested at the existing RX grain 

boundary suggesting that there is insufficient energy remaining for the γ’ layer to 

migrate the boundary, or to nucleate new grains. 

 

The increased thickness of the γ’ surface layer is an interesting observation and adds 

evidence to the conclusion that it is elemental evaporation that is the cause of its 

formation. In the Bodycote furnace, the chamber is pumped down to a vacuum of ~10-

7 atm up to a temperature of 1040°C, after which Ar is introduced to a partial pressure 

of ~10-4 atm and the diffusion pumps are switched off (the vacuum pump remains on 

and Ar is bled in continuously to maintain the PAr). In comparison, the ISIS furnace is 

held at a vacuum of ~10-8 atm throughout the entire experiment, with no Ar 

atmosphere, using a turbomolecular pump. This difference means that the vapours 

that evolve from the test-bar surface are removed from the ISIS furnace chamber, via 

the turbo pump, at a greater rate and the atmosphere does not reach an equilibrium 

saturated vapour state, where the rate of evaporation is equal to the rate of 

condensation (known as saturated vapour pressure). Instead, the evaporative rate to a 

vacuum, given by the Langmuir equation (   
  

√      
), under equilibrium conditions 

describes the largest possible evaporation rate from the surface for a given 

temperature. Thus the fractions of the total Langmuir loss considered in Chapter 5 

become higher in this scenario and the mass loss of material to evaporation in the ISIS 
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furnace is higher than that for the Bodycote furnace; consequently the γ’ surface layer 

is thicker. 

6.5.2 Neutron Diffraction Analysis 

6.5.2.1 Gauge Volume Effects 

In Section 6.3.2, the methodology for the neutron experiments was described and, in 

particular, the time-of-flight (TOF) neutron diffractometer and nominal gauge volumes 

were discussed. The nominal gauge volume (x,y,z mm3) is important, since this the 

user-defined variable key to achieving the desired sample volume and count-time / 

neutron intensity. The nominal gauge volume (NGV) does not however accurately 

describe the true, or instrument, gauge volume (IGV) since it does not consider the 

angular divergence of the neutron beam which gives rise to a penumbra (as shown in 

Figure 6.26). This penumbra results in a gradual decline in the contribution to the 

diffracted peak intensity from grains in the sample situated at the edge of the volume, 

and creates an associated blurred edge to the diffracted intensity profile [182]. 

 
Figure 6.26 (a) Illustration of the Nominal Gauge Volume (red) and Instrument Gauge Volume (blue). (b) 3-

dimensional illustration of the IGV arising from the scattering of the incident and diffracted neutron beams, 

defined by the scattering angle, 
zyx

in

,,

det, (adapted from [199]) 
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The IGV is conventionally defined by a contour map, whose edge is taken to be that 

where the contributing diffracted intensity falls below a fraction of that in the centre. 

An example IGV contour map of the ENGIN-X diffractometer is shown in Figure 6.27 

and perfectly illustrates the blurred edge of the IGV. 

 
Figure 6.27 Example contour map of the ENGIN-X IGV taken from [199]. Measured by scanning a 0.25mm thin 

nylon thread across the horizontal plane (x,z) 

The edge profile of the IGV is described by an error function, with a width defined by 

the beam divergence and slit distance, Sz, along the beam direction (see Figure 

6.26(b)). The IGV is defined as a cuboid of dimensions δV = ΔxΔyΔz, where Δx and Δy 

are given by the full-width-half-maximum (FWHM) of the incident beam profile and Δz 

is given by width of the intensity profile at the collimators [199]. 

 

For near-surface measurements, as in this Chapter, the IGV may only be partially filled 

by the sample; therefore the effective centroid of the IGV will differ from its geometric 

centre, since neutrons are only scattered from the partially filled volume (Figure 6.28 

as a general case, and Figure 6.29 for the case of these experiments).  
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Figure 6.28 Illustration of SGV (dark) partially filling the nominal gauge volume (NGV) as the sample is translated 
into the NGV. The distance between the dot and the cross shows the variation in the geometric centroid of the 

SGV and NGV, resulting in a shift in the measured d-spacing’s (illustration adapted from [182]) 

 
Figure 6.29 Schematic diagram of the two experimental positions used in this Chapter, (a) the bulk measurement 

position and (b) the surface measurement position, detailing the intersecting SGV with the test-bar radius 

In addition, if there is significant attenuation of the neutrons across the gauge volume 

then an ‘effective’ or average-weighted centroid of the SGV must be given, taking into 

consideration the effects of partial filling of the IGV and beam attenuation; further 

complicating the displacement from the NGV geometric centroid. Even if the sample 

completely fills the gauge volume, beam attenuation can still result in an offset 

between the SGV centroid and that of the IGV [182] [200]. 

 

The offset of the geometric centroid means that, in addition to the position of the 

measurement being offset, the total neutron flight path length, L, and Bragg angle, θ, 



Chapter 6 

 

208 
 

will also differ slightly. This combination will result in a corresponding variation in the 

measured peak d-spacing according to: 

 








sin

sin

L

L

d

d 






   Equation 6.3 

Where τ = the time-of-flight, d = d-spacing, L = path length, θ = Bragg angle. 

The time-of-flight term, on the left hand-side, denotes the shift in the diffraction peak 

whilst the d-spacing and path length terms, on the right hand-side, denote the lattice-

strain and pseudo-strain components, respectively. The pseudo-strain is the result of 

the partial filling of the gauge volume and the attenuation through the sample and 

must be accounted for, if accurate strain measurements are required [200]. In the case 

of the experiments in this Chapter, this is not necessary as the aim is to track the 

formation and dissolution of phases (the γ’ phase in particular) by their corresponding 

peak heights. Therefore, knowledge of this pseudo-strain derived peak-shift is only 

required in order to accurately identify the correct phase peak position. 

 

The effect of pseudo-strain due to partial filling of the IGV is evident when comparing 

the bulk and surface diffraction spectra for CMSX-4 (Figure 6.18 and Figure 6.20 

respectively). The (200) and (100) peak positions for the bulk measurement in Figure 

6.18 (at room temperature) are only very slightly shifted to the right of their nominal 

d-spacing’s of 1.8Å and 3.6Å respectively. In comparison, the (200) and (100) peak 

positions for the surface measurement in Figure 6.20 shows are larger right-ward shift 

of ~0.05Å (although it is noted that this is not a considerably large shift).  
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As well as introducing a shift in the lattice spacing, the partial filling of the gauge 

volume also reduces the effective beam intensity. According to the paper by 

Santisteban et al [199] the shape of the ENGIN-X IGV beam intensity contour plot tails 

off from its maximum, to its minimum, over a distance of ~2mm (see Figure 6.27). 

Evidently, this means that when conducting the surface measurements in this Chapter 

the blurred nature of the gauge volume edge will result in lower beam intensities for 

the surface measurements, than for the bulk. To compensate for this, the count-time 

for each surface measurement was correspondingly increased to double that of the 

bulk measurements. 

6.5.2.2 As-cast CMSX-10N  

As-cast CMSX-10N test-bars were chosen as the initial experimental alloy due to its 

propensity to form the surface melt blister defect on turbine blades, as well as the γ’ 

surface layer on test-bars. The aim of the experiment was to track the phase evolution, 

through the use of neutron diffraction, during in-situ solution heat-treatment and to 

identify the formation of the γ’ surface layer via comparison with the bulk material.  

The dissolution of bulk γ’ begins at ~525°C and halves in intensity by 1320°C (it is 

worth noting that there is a +5°C increase in temperature between the start of each 

spectral collection and the end since the furnace is continuously heating). The final 

dissolution of γ’ is not observed since the final isothermal hold temperature, 1350°C, 

and solution time were not sufficiently high enough to exceed the γ’ solvus 

temperature and dissolve the large fraction of as-cast eutectic. This was due to initial 

concerns that the furnace used for these experiments would not be able to follow the 

standard heat-treatment profile to a high enough accuracy, or would overshoot 
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excessively, causing melting of the sample rather than the solid-state γ’ formation. The 

origin of the detected γ’ during solutioning can be seen to have contributions from the 

inter-dendritic eutectic and γ’ precipitates within the dendrite arms, as well as the 

evolved γ’ surface layer, in the post-test surface analysis (Figure 6.6), with the eutectic 

contributing a larger volume fraction. For this reason it was impossible to positively 

identify in the neutron diffraction spectra the formation of the γ’ surface layer, despite 

confirmed knowledge of its formation. 

 

Ordinarily there should be no detection of the γ’ phase at the upper hold temperature, 

since it should have been taken into solution, and this therefore points to key 

experimental errors that were addressed for the next experiment, namely: 

 The choice of solutioning temperature was not sufficiently high enough to take 

all the bulk γ’ into solution. This is a consequence of the choice of alloy, and the 

fact that it is in the as-cast condition with a large fraction of residual eutectic.  

 The ‘heat-treatment window’ (the temperature between the γ’ solvus and 

incipient melting) is narrowed by using as-cast CMSX-10N compared to an alloy 

that has been solutioned to homogenise its microstructure. The micro-

segregation is also more severe in CMSX-10N than compared to CMSX-4 due to 

the higher levels of refractory elements (such as W and Re) within its 

composition.  

To address these issues we repeated the experiment using fully solutioned CMSX-4 

alloy test-bars, removing any compositional segregation therefore there is no remnant 

eutectic, and the (100) peak can thus be contributed solely to bulk γ’ and/or the γ’ 

surface layer. We also increased the final hold solution temperature, closer to that 
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used in industry, to ensure that the bulk γ’ is fully dissolved and removing its 

contribution to the spectra at high temperatures. 

6.5.2.3 Solutioned CMSX-4  

The solutioned CMSX-4 test-bar bulk spectra showed that the γ’ started to dissolve at 

~511°C and by 1000°C the volume of the γ’ phase had reduced by roughly a third 

which is significantly below the γ’solvus of ~1289°C. Looking at the equilibrium phase 

diagram in Figure 6.30, the γ’ phase room temperature fraction of ~75% remains at 

500°C and gradually decreases to ~65% at 1000°C before rapidly dissolving with 

increasing temperature. Investigations into the dissolution of Nickel-based superalloys 

and CMSX-4 have shown that there is little change in the γ’ volume fraction until 700-

900°C [195][196][197], therefore the detected decrease in the ND γ’ peaks at 500°C 

suggests that the γ’ precipitates dissolution can start below these temperatures. As 

the peak heights reduce, there is an associated peak broadening which is characteristic 

of the de-convoluted γ peak sitting to one side of the γ’ peak [194] as well as the γ’ 

precipitates becoming smaller. As the precipitates become smaller there are 

insufficient lattice planes to produce complete destructive interference either side of 

the Bragg angle and the result is a broadening peak [182]. Both the peak height 

reduction and the peak broadening indicate that the dissolution of the γ’ phase is 

occurring and that this starts at a temperature of ~511°C.    
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Figure 6.30 Calculated equilibrium phase diagram for CMSX-4 using Thermo-CALC 

As the γ’ phase dissolves, the (200) and (100) peak heights reduce. This is because the 

volume fraction of γ’ is decreasing and therefore it’s contribution to the spectrum is 

also decreasing. However, as the γ’ dissolves it is taken into the γ phase and therefore 

the γ volume fraction steadily increases (this is clearly visible in Figure 6.30). Since the 

(200) peak has contributions from both γ and γ’ [194] the peak height steadily reduces 

on heating however, upon exceeding the γ’solvus the (200) peak height begins to rise 

again until, at 1305°C, it has re-established its original room-temperature height. This 

shows that as the γ’ phase dissolves, its solute is taken into the γ phase but this 

process takes time (since the solute needs to diffuse into the γ phase) and is not 

completed until reaching the solutioning temperature.  

 

The surface ND spectra show a different evolution compared to the bulk spectra, 

however the (100) γ’ peak is still seen to dissolve at the same temperature as the bulk 

at ~1282°C and not reappearing during solutioning. During the heating ramp-up to 

1000°C both the (200) and (100) peak heights remain constant and do not decrease 

like in the bulk spectra. The cause of this apparent stabilization of the γ’ phase at the 
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surface at temperatures below 1000°C is unknown as this cannot be due to the 

formation of the γ’ surface layer since, at these temperatures, the vapour pressures 

(and hence evaporative rates) of the key γ phase stabilisers, Ni, Co and Cr, are 

prohibitively low (see Figure 6.31). These test-bars are also pre-solutioned so there can 

be no contribution from surface eutectic or inhomogeneous microstructure, like was 

seen in the as-cast CMSX-10N.  

 
Figure 6.31(a) Vapour pressure vs. temperature plots for Ni, Co and Cr (b) Evaporative rate from the sample 

surface into vacuum using the Langmuir equation (taken from Chapter 4) 

Upon further heating above 1000°C, the (200) peak starts to reduce in peak height and 

becomes broader (as for the bulk) and as the γ’solvus is exceeded the (200) peak returns 

to a tall, thin shape. The height remains about a third lower than that at room-

temperature however. It seems likely therefore that the volume of sample within the 

neutron beam gauge volume has reduced due to the uneven thermal expansion of the 

alloy and the very narrow slice of the surface intersected with the gauge volume. At 

1305°C the only stable phase is γ and the full neutron spectrum shows no other peaks 

evolving that could explain the reduction in the (200) γ peak at high temperature.  
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6.6 Conclusions 

The evolution of the γ’ surface layer during in-situ solution heat-treatment has been 

investigated using neutron diffraction techniques at the ENGIN-X facility, UK. Although 

it was not possible to definitively observe the formation of the γ’ surface layer it has 

been shown that the use of a continuous vacuum pump applied to the heat-treatment 

furnace during solutioning significantly increases the subsequent thickness of the γ’ 

surface layer. It has also been shown that the γ’ surface layer grows into, and 

consumes, the RX γ grains below, being arrested at the γ RX grain/substrate grain 

boundary. 

 

The neutron diffraction spectra have shown that the dissolution of γ’ within the bulk 

microstructure starts at ~511°C and at 1000°C there is a significant loss of γ’. The γ’ 

solvus has been accurately tracked to ~1282-5°C (bulk and surface respectively) and it 

can be seen from the (200) peak shape evolution, between 1285°C – 1305°C, that the 

γ’ solute is not re-distributed into the γ phase until reaching the solutioning 

temperature, 1305°C.  

 

Significant differences are noted between the bulk and surface spectra between RT 

and 1000°C, as the (200) peak height does not decrease at the surface as opposed to 

the bulk. The cause of this is unknown, since it cannot be due to the formation of the 

γ’ surface layer at these low temperatures. Above 1000°C the two regions show similar 

trends, with the γ’ dissolving and the (200) peak height recovering. In order to further 

investigate the surface region in greater detail, it is suggested that synchrotron X-ray 



Chapter 6 

 

215 
 

diffraction techniques be employed. This high-resolution technique is ideally suited to 

analysing the surfaces of crystalline samples that do not require large beam 

penetration distances and can achieve beam sizes at the sample of 115 x 210μm [198]. 

With this beam size the percentage volume of the γ’ surface layer within the total 

sampled volume will be larger than that achievable with neutron diffraction and 

therefore the detection of the γ’ surface layer formation would be far easier.  This will 

also allow the combined implementation of thermodynamic/kinetic modelling, using 

Thermo-Calc and DICTRA, of the surface transformation and greater understanding of 

the processes driving its formation.  
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Chapter 7. Overall Conclusions and Further Work 

7.1 Conclusions 

This research project has produced a systematic investigation into the formation 

mechanisms of the defects Surface Scale and Surface Melting, found on SX Nickel-

based superalloy turbine blades. Focus has been put on achieving a complete 

understanding of the factors driving their formation during casting and heat-treatment 

in an effort to suggest methods by which to prevent their formation and thus improve 

the cost and production efficiency of these high-value components.  

 

During casting, the formation of Surface Scale is particularly common and has been 

shown to be the result of a series of inter-related processes: 

(1) In the solid-state, the mould and metal experience differential thermal 

contractions due to their non-uniform thermal expansion coefficients resulting 

in the upper, convex areas of the casting separating from the mould wall. 

(2) The separation exposes the solid casting surface to the furnace atmosphere, 

which contains sufficient oxygen to initiate transient oxidation of the casting 

surface. The result is a dual oxide layer of predominantly NiO sitting above a 

sub-oxide spinel, which has a total thickness of 0.5-1μm. The nature of the 

Surface Scale is therefore alloy dependent; however the upper oxide is always 

seen to be NiO due to its fast growth kinetics.  

In contrast, the areas that do not exhibit Surface Scale (Unscaled) remain in intimate 

contact with the mould wall for the duration of the casting process. After the mould is 
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removed the Unscaled surface is observed to be covered by a 1-2μm thick Al2O3 layer 

and patches of adhered mould face-coat. It has been shown that during the initial 

stages of casting, above the Liquidus temperature, a mould-metal reaction occurs 

between aluminium in the melt and SiO2 in the mould. The result is the dissolution of 

Si within the alloy and the production of the 1-2μm thick Al2O3 layer at the casting 

surface. This process occurs over the entire casting surface, however when mould-

metal separation occurs in the Scaled areas, the Al2O3 layer is stripped off the casting 

surface and remains on the mould face-coat. 

 

It is suggested that to prevent the formation of Surface Scale an inert gas, such as 

Argon, be introduced into the casting furnace in order to sufficiently lower the oxygen 

partial pressure to prevent the formation of oxides, particularly Ni, Co and Cr oxides.  

 

After subsequent heat-treatment it is observed that the Surface Melting defect only 

occurs within the regions that were Scaled. This spatial relationship has been shown to 

be a result of the as-cast surface condition and is directly linked to the oxides that are 

present in the Scaled and Unscaled regions. In the Unscaled regions the Al2O3 layer is 

sufficiently thick to act as a protective barrier to elemental vaporisation during 

subsequent solutioning. In contrast, the Scale oxides are thin, porous and non-

protective and therefore during solutioning elemental evaporation of γ phase 

stabilisers occurs at the surface. The heat-treatment furnace is held at an initial 

vacuum of 10-7 atm until reaching 1040°C when Argon gas is introduced at a partial 

pressure of 10-4 atm. This environment is provided to prevent significant oxidation of 

the components during heat-treatment but this research has shown that this 
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environment is sufficient to induce significant levels of elemental evaporation from the 

component surface. The resultant change in surface chemistry causes the 

destabilisation of the γ phase at solutioning temperatures (where the γ’ precipitates 

have been fully dissolved) and the transformation to the γ’ phase plus TCPs.   

 

The prevention of Surface Scale in the first instance is therefore insufficient to prevent 

the subsequent formation of Surface Melting, since it is the lack of a protective oxide 

that is the root-cause of this heat-treatment defect. Rather, pre-oxidation (in air) of 

the casting at 1100°C for 4 hours has been shown to produce an adequately thick Al2O3 

layer in the Scaled regions to prevent elemental evaporation and thus the formation of 

Surface Melting, whilst at the same time retaining the optimum γ’ 

distribution/morphology in the heat-treated condition. 

 

To conclude, this research project has characterised two inter-related and highly 

significant surface defects observed on SX Nickel-based superalloys. The mechanisms 

of formation have been alluded to and the factors controlling them have been 

discussed. Finally, suggestions have been made to mitigate their formation and it is 

hoped that this can lead to a reassessment of current casting and heat-treatment 

methodologies. 

7.2 Further Work 

The mechanism of Surface Scale and Surface Melting defect formation, and their close 

link, has been shown. Based on these findings it is recommended that the following 

areas be explored further. 
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The introduction of Argon gas into the casting furnace is an effective method to 

prevent the formation of Surface Scale by reduction of the oxygen partial pressure 

within the furnace. This method is relatively easy to introduce since Argon gas is 

already employed with the Precision Casting Facility. However this method will not 

prevent the subsequent formation of Surface Melting since the Scaled surface will still 

remain exposed, with no protective oxide layer. 

 

The design of new mould materials is a constant source of study, with emphasis on 

creating moulds with sufficient fired strength but that allow the unconstrained 

contraction of the metal component during cooling, whilst at the same time 

preventing any deleterious mould-metal reactions. It is suggested that, in order to 

prevent the formation of Surface Scale, moulds be designed and trialled with a built-in 

weak layer behind the face-coat, that allows the face-coat to remain adhered to the 

Scaled regions of the casting during thermal contraction. This would allow the Al2O3 

surface layer to be retained on the Scaled surface and therefore prevent the exposure 

of the bare casting surface and resultant oxidation. The beneficial side-effect of this 

would be that the Scaled region would not experience any Surface Melting during 

solution heat-treatment, since the protective Al2O3 is retained on the surface.  

 

The pre-oxidation experiment has shown that it is possible to prevent the Surface 

Melting defect by deliberately oxidising the casting surface in air, prior to solution 

heat-treatment. It is therefore suggested that trials be conducted to modify the 

current solution heat-treatment profile to include a pre-oxidation stage, potentially at 
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the 1040°C isothermal hold. By holding at this temperature, prior to the introduction 

of an Argon atmosphere, it would be possible to produce an Al2O3 layer whilst 

preventing the elemental evaporation experienced at higher temperatures. However, 

this will likely take more than the 4 hours experienced in the pre-oxidation trials since 

the residual oxygen partial pressure in the heat-treatment furnace is much lower. Care 

also needs to be taken to ensure that the adequate solutioning and γ’ 

fraction/morphology is retained at the end of solutioning to maintain the optimum 

material properties. 

 

The feasibility of all of these solutions need further study and industrial trials carried 

out in order to judge their effectiveness and economic viability before an effective 

solution can be implemented. However, it is hoped that this work will lead to the 

introduction of new production methods and the elimination of these defects. 
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